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Synopsis 

An understanding of the mechanisms of plastic deformation is essential towards the deformat 
processing and strengthening of materials. A large number of fundamental studies on 
plastic deformation of metals have been performed on single crystals, so as to eliminate 
domplicated effects of grain boundaries and second phase particles. Such studies pro\ 
the basic understanding of the plastic deformation of polycrystals. The commercial mi 
products are made up of numerous individual crystals or grains. The size of these grains . 
the structure of the grain boundaries play a very important role in the plastic deformal 
of polycrystals. The well known Hall-Petch relationship, a (e) = ao(e) + K(e)d~ l/ ' 2 , der! 
on the basis of pile-up of dislocations at grain boundaries, was the first attempt to corre 
the flow stress {cr(e)} of a polycrystal with grain size ( d ). In this relation, cr 0 (e) and h 
are constants at a given strain (e). This relationship has been widely used in assessing 
plastic behaviour of polycrystals. Other relationships have also been proposed for descril 
the grain size dependence of flow stress. One such relationship based on a composite struc 
consisting of grain interior and grain boundary region, is given as a (e) = <r 0 (e) + K (e) < 

Deviations from the Hall-Petch relation have also been reported in the literature. Var 
interpretations based on substructural changes were proposed to explain these deviation 
different investigators. However, there is no consensus on the explanation of the devial 
from the Hall-Petch relation. Generally, most researchers have attempted to correlate 
flow stress with mean grain size and neglected the possible influence of other microstruc 
parameters. For example, it has been shown by some investigators that for a given r 
grain size, the samples with different grain size distribution may influence the flow stre 
polycrystals. Also the different thermo-mechanical treatments applied to obtain the diffi 



XXXV111 


Synopsis 


grain sizes may lead to differences in both the grain size distribution as well as the energy 
state of grain boundaries which can affect the flow stress in polycrystals. 

Several methods have been developed for the estimation of relative energy of grain bound- 
aries. There are a number of limitations associated with these techniques. For instance, in 
the methods of thermal groove and Zero creep, the original structure of the boundary may 
change during thermal grooving and zero creep at high temperatures and also the methods 
are limited to surface grain boundaries and may not be representative of the bulk material. 
The method based on spreading and disappearance kinetics of extrinsic grain boundary dislo- 
cations (EGBDs) in TEM during in-situ annealing is cumbersome as well as prone to error in 
the estimation of temperature and time of disappearance of EGBDs. On the other hand, grain 
boundary energies could also be related simply to the true dihedral angles (TDA) i.e., the angle 
between grain boundary planes meeting at a triple edge in the three dimensional structure of 
polycrystals. Some investigators have directly measured the TDA using TEM images, which 
is tedious and therefore it is not possible to obtain a statistical estimate of TDA distribution 
in polycrystals However, in metallography the dihedral angles are measured as plane dihedral 
angles (PDA) i.e., the angle between grain boundary segments meeting at a triple point on 
the plane of polish. The distribution of PDA has two components: (1) variation in the TDA 
distribution and (2) statistical variation due to random orientation of the sectioning plane (i.e., 
plane of polish). The statistical variation (like random noise) leads to overshadow or hide the 
actual variation in the TDA. Hence such a distribution of PDA cannot be directly used in the 
estimation of relative energies of grain boundaries. Therefore, an appropriate statistical tech- 
nique needs to be developed in order to transform the PDA distribution to TDA distribution. 
The measurements of PDA are relatively easy and it is possible to make a large number of 
measurements in a short time. 


Along with the relative energy state of grain boundaries, the other geometrical changes 
in the grains and the variation of the hardness across a grain are important parameters in 
the understanding of flow stress with strain and temperature. Several dislocation models 
in static condition have been developed to understand the annihilation process of EGBDs 
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at grain boundaries and to explain the variation of flow stress with temperature Howeve 
during deformation the situation is different because of the accumulation of EGBDs at gra 
boundaries with increasing strain. Therefore, a suitable model based on dislocation dynami 
needs to be developed to explain the variation of flow stress with temperature. 

In view of the above discussion, it is quite clear that the mean grain size alone cann 
explain the flow behaviour of polycrystals. Therefore, the purpose of the present study is 
examine the dependence of flow stress in polycrystals on mean grain size and the distribution 
microstructural parameters such as grain size, grain shape and dihedral angles. 316L austenii 
stainless steel (which is a single phase polycrystalline material over a wide temperature rang 
ii selected as a model material for this work. The main objectives of the present study are 
follows: 

• Development of a statistical technique based on the principles of stereology for I 
transformation of experimentally measured distribution of plane dihedral angle (PC 
to true dihedral angle (TDA) distribution. 

• To examine and develop a mechanistic understanding of the dependence of flow str 
in 316L austenitic stainless steel on grain size and other microstructural parameters si 
as grain shape, distribution of grain size, grain shape and dihedral angles over a v, 
range of temperature. 

• Development of a micro-mechanistic model (based on dislocation dynamics at ant 
the vicinity of grain boundaries) in order to understand the effect of temperature on 
grain size dependence of flow stress. 

• Assess the applicability of various empirical stress-strain relations and to develop 
overall understanding of the strain hardening behaviour in 316L austenitic stainless s 


The thesis is divided into six chapters. 
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Chapter 1 briefly discusses the importance and the limitations of the Ha!l-Petch relation 
It also focuses on the scope and objective of this study. 

Chapter 2 briefly discusses the plastic behaviour of single crystals and polycrystals. The 
literatures reveal that several aspects such as deviations from the Hall-Petch behaviour, esti- 
mation of the relative energy state of grain boundaries, variation of the flow stress and the 
Hall-Petch parameters with strain and temperature remain unresolved. 

Chapter 3 describes the experimental procedures adopted in the preparation of tensile 
samples, tensile testing and measurements of microstructural parameters and hardness. The 
flat tensile samples are prepared after cold rolling of 316L austenitic stainless steel plates (as 
received) in successive passes and machining. These samples of two batches after annealing 
are tested in tension in the temperature range of room temperature to 800°C for a wide range 
of grain size from 2.7 /jm to 64.0 fj.m. The microstructural characterisation of annealed 
and deformed samples is carried out at three different strains ( 5 %, 10 % and 20 %) and 
temperatures ( room temperature, 400°C and 800°C). The grain size is measured by mean 
intercept length as well as grain area method. The measurements of individual grain area 
and perimeter are done through an image analyser to estimate the mean grain size, grain size 
distribution and grain shape factor. Grain aspect ratio is estimated from the measurements 
of linear intercept in longitudinal and transverse directions from the microstructures of the 
deformed specimens. The plane dihedral angles are measured directly from the micrographs. 
Finally the microhardness measurements are performed across the grains of annealed and 
deformed samples. 

Chapter 4 presents the experimental results and also develops a mathematical transform to 
estimate the distribution of the true dihedral angles (TDA) from the experimentally measured 
distribution of the plane dihedral angles (PDA). Accordingly, this chapter is divided into four 
broad sections, viz: 


• microstructural characterisation of annealed samples, 
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• plastic deformation at room temperature, 

• plastic deformation at elevated temperature, 

• estimation of true dihedral angle (TDA) distribution 

The salient features are given below: 

1. The distribution of the grain size and the grain shape of annealed samples of both tl 
batches is more or less same. 

I 

2. In the temperature range of room temperature to 600°C, the Hall-Petch behaviour (f 
batch 1) shows two distinctly different linear regions, one in the fine grain size ran 
(d < 6 fj, m) and the other in the coarse grain size range (d > 6 pm). The Hall-Pet 
parameter K{e) is significantly higher in the fine grain region compared to that in t 
coarse grain region at all strains. On the other hand, the Hall-Petch intercept, <x 0 ( 
is negative in the fine grain regime. Since cr 0 (e) is interpreted as the friction stre 
there is no physical significance of negative <r 0 (e). Therefore, it has been concluded tl 
the Hall-Petch relation is not valid in the fine grain region. Application of the Kocl< 
composite model in the fine grain regime, results positive oo(e) which is comparable 
magnitude to cr 0 (e) obtained in the coarse grain regime (using the Hall-Petch relatic 

3. At 800°C, a single linear Hall-Petch line at a given strain with small positive value 
K(e) is obtained in batch 1. There is a wide scatter in the data at this temperature , 
the scatter increases with strain. 

4. In batch 2, a single linear Hall-Petch relation fits the data in the entire range of g 
size (2.9 ixm to 46.0 pm) in the temperature range of room temperature to 800°C 

5. The grain aspect ratio increases while the grain shape factor decreases with straii 
room temperature and 400°C. However, at 800°C, there is no significant change obse 
in these parameters with strain. 
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6 The standard deviation of plane dihedral angles (PDA) increases and the relative fre- 
quency of 120° class of PDA distribution decreases with increasing strain at room tem- 
perature and 400°C. On the other hand at 800°C, the standard deviation of PDA in- 
creases slowly and relative frequency of 120° class of PDA distribution decreases in the 
strain range of 0 to 5 % followed by a decrease in the former and increase in the latter 
parameter with strain. 

7. With the increase in the strain, the hardness in the grain interior as well as in the grain 
boundary region increases at room temperature and 400°C. However, at 800°C, the 
hardness in both the grain interior and in the grain boundary region increases up to 5 % 
strain and thereafter it remains more or less unchanged with further straining. 

8. As mentioned earlier, the relative energy state of grain boundaries of a polycrystal can be 
assessed by knowing the true dihedral angle (TDA) distribution. However, experimental 
measurements give only the plane dihedral angle (PDA) distribution. Therefore, in this 
chapter a mathematical transform has been developed to unfold the TDA distribution 
from the PDA distribution. The mathematical relations between the distribution of TDA 
and PDA are derived rigorously using first principles of stereology. The results obtained 
from this technique have been analysed in Chapter 5. 

Chapter 5 contains discussion of results and also develops a dislocation model on the basis 
of dislocation dynamics at and in the vicinity of grain boundaries to explain the variation of 
flow stress with temperature. This chapter is broadly divided into four sections, viz: 

• deformation at room temperature, 

• deformation at elevated temperature, 

• effect of temperature on flow stress, 


• strain hardening behaviour. 
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The important findings are summarised as follows: 

1 The distinctly different Hall-Petch behaviour (bi-linear) in the two regimes of grain siz 
of batch 1 arises from different thermo-mechanical treatments employed to obtain th 
various grain sizes. 

2. The distribution of grain size and grain shape in the samples of different average grai 
size remains more or less same. 

3. The true dihedral angle (TDA) distribution is obtained from experimentally measure 
distribution of PDA, by employing the mathematical transform developed in Chapter 

• A significant difference observed in the distribution of TDA for samples of fine ar 
coarse grain regimes of batch 1. In the fine grain regime the standard deviation of TC 
is higher and the relative frequency of 120° class of TDA is lower in comparison 
the coarse grain regime. This suggests the presence of non-equilibrium state of gra 
boundaries in the fine grain regime of batch 1. This has also been inferred from t 
results of hardness measurements. 

4. Accordingly, the fine grained micro-structures may be considered as having two phas 
a hard phase (mantle zone) in the vicinity of grain boundaries and a soft phase (gr; 
interior). Kocks’s composite model is more appropriate for this type of structure rati 
than the Hall-Petch model. By applying this model in fine grain regime in the tempe 
ture range of room temperature to 600°C, a positive value of <7o (e) at a given strair 
obtained which is comparable in magnitude to <7o(e) obtained in the coarse grain regi 
(using the Hall-Petch relation). 

5. The faster equilibration kinetics of the samples of batch 2 than the samples of bate 
(due to compositional differences) leads to equilibrated grain boundaries during annea 
in the entire range of grain size and hence no hard mantle zone remains even in 
fine grain regime of batch 2. This leads to a single linear Hall-Petch relation in 
entire range of grain size studied (2.9 jam to 46.0 jj,m) in the temperature range of rc 
temperature to 800°C. 
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6. At 800°C, the samples of batch 1 also reveals a single linear Hall-Petch behaviour 
in the entire range of grain size due to the fact that at this temperature, the non- 
equilibrium grain boundaries in the fine grain regime transform to equilibrium state by 
the annihilation of EGBDs. However, the Hall-Petch data are highly scattered in both 
the batches and the scatter increases with increasing strain. 

7 At 800°C, no significant change in the grain geometry with strain reveals that the main 
deformation mode is grain boundary sliding and grain boundary migration. Thus at 
800°C, the pile-up model of Hall-Petch cannot be applied as the grain size strengthening 
model. The small positive value of K(e) in batch 1 and the negative value in batch 2 
also strongly support the above conclusion. 

8. The variation of Hall-Petch parameters together with the parameters of composite re- 
lation with strain and temperature is described on the basis of geometrical changes in 
grains and the variation of microhardness across the grain. 

9. In order to theoretically estimate the net density of dislocations in the grain boundary 
region, the rates of accumulation and annihilation of dislocations in the grain boundary 
region are estimated. At a given strain and temperature, these two rates of accumulation 
and annihilation of dislocations are used to obtain the net density of dislocations in the 
grain boundary region. 

10. The general trend of variation of net dislocation density in 316L austenitic stainless steel 
(calculated using present model) with temperature for different grain sizes at various 
strains, is similar to the variation of experimental yield and flow stress. 

11. In the overall experimental stress-strain curve, the Voce equation gives better fit com- 
pared to the other empirical stress-strain relations. With the increase in the temperature 
and the decrease in the grain size, the strain above which the dynamic recovery domi- 
nates over the strain hardening decreases. 


Chapter 6 presents the conclusions of the present study and suggestions for future work. 
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Introduction and Objectives 


An understanding of the mechanism of plastic deformation and effect of various mi- 
crostructural parameters on flow stress is essential towards the deformation processing 
and strengthening of materials. A large number of fundamental studies on the plastu 
deformation of metals have been performed with single crystals, so as to eliminate th< 
complicated effects of grain boundaries and second phase particles. These studies pro 
vided basic understanding for the plastic deformation of polycrystals. The commercie 
metal products are made up of numerous individual crystals or grains. The size of thes 
grains and the structure of the grain boundaries play a very important role in the plasti 
deformation of polycrystals. 

During plastic deformation of polycrystals, both the grain boundaries and the grai 
interior contribute to varying extent depending upon the test condition. A reasonab 
mechanical properties can be achieved from the control of the grain boundaries structu: 
and the grain size. The well known Hall-Petch relationship, a (e) = <7o(e) + K{t)dr 11 
derived on the basis of pile-up of dislocations at grain boundaries, was the first attem; 
to correlate the flow stress (u(e)} of a polycrystal with grain size (d). In this relatio 
oo(e) and K(e) are constants at a given strain (e). This relationship has been wide 
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used in understanding the plastic behaviour of polycrystals. Many investigators have 
also obtained other relationships for describing the flow stress dependence on grain si/e 
(presented in chapter 2, section 2.3.2). 

Deviations from the Hall-Petch relation have been also reported in literature. Various 
interpretations based on substructure changes have been proposed to explain these de- 
viations by different investigators. However, there is no consensus on the explanation of 
the deviations from the Hall-Petch relation. Generally, most researchers have attempted 
to correlate the flow stress with the mean grain size and neglected the possible influence 
of the distribution of microstructural parameters, such as grain size, grain shape and true 
dihedral .angles (TDA) i.e., angle between grain boundary planes meeting at triple edge 
in three dimensional structure of polycrystal. These effects are discussed in chapter 2. 
section 2.3.3. 

The energy state of grain boundaries may influence the flow stress of a polycrystal. To 
estimate the energy of the grain boundaries, several methods have been developed such ms 
thermal groove [l], zero creep [2,3], spreading of the Extrinsic grain boundary dislocations 
(EGBDs) [4, 5] and measurement of true dihedral angles (TDA) using transmission elec- 
tron microscope (TEM) images [6-8]. There are a number of limitations associated with 
these techniques as presented in chapter 2 (section 2. 3. 3.1) and therefore, it is practically 
impossible to obtain a distribution of energy state of grain boundaries. The grain bound- 
ary energies could be simply related to the true dihedral angles (TDA) [9, 10]. However, 
it is not feasible to experimentally measure the distribution of TDA in a polycrystal. On 
the other hand one can easily measure the distribution of plane dihedral angles (PDA) 
i.e , angle between grain boundary segments meeting at a triple point on plane of polish. 
However, such a distribution of PDA cannot be directly used in the estimation of rela- 
tive energy of grain boundaries as discussed in chapter 2, section 2.3.3. 1. Therefore an 
appropriate statistical technique needs to be developed in order to transform the experi- 
mentally measured distribution of PDA to TDA distribution. The measurements of PDA 
are relatively easy and it is possible to make a large number of measurements in a short 
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time. 

The ('fleet of strain and temperature on Hall-Petch parameters and flow stress is an 
open issue in terms of interpreting these effects. Several investigators have interpreted 
these on the basis of sub-structural changes during plastic deformation. Not much efforts 
have been put to correlate the flow stress and Hall-Petch parameters with the distribution 
of microstructural parameters such as grain size, grain shape, and true dihedral angle. 
Temperature plays a very crucial role in the plastic deformation of the polycrystals. It 
is now understood [11-14] that the rapid drop in the flow stress above approximately 
Q.5Tm(Tm is the melting temperature) at least in lower strain range is mainly due to 
the annihilation of extrinsic grain boundary dislocations (EGBDs). Several dislocation 
models have been developed in static condition to understand the annihilation processes of 
EGBDs at grain boundaries. However, during deformation the situation is different where 
the accumulation of EGBDs at grain boundaries occurs with increasing strain. Therefore, 
a suitable model based on dislocation dynamics needs to be developed in order to explair 
the variation of flow stress with temperature. 316L austenitic stainless steel (which is t 
single phase polycrystalline material over a wide temperature range) was selected as <' 
model material for this work. 

In view of the above discussion, the main objectives of this study may be listed a 
follows: 

• Development of a statistical technique based on the principles of stereology for th 
transformation of experimentally measured distribution of the plane dihedral ang! 
(PDA) to the true dihedral angle (TDA) distribution. 

• To examine and develop a mechanistic understanding of the dependence of flo 
stress in .316L austenitic stainless steel on mean grain size, grain size and sha{ 
distribution and distribution of dihedral angles over a wide range of temperature 

• Development of a micro-mechanistic model (based on dislocation dynamics at ai 
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in the vicinity of grain boundaries) in order to understand the effects of temperature 
on the grain size dependence of flow stress. 

• Assess the applicability of various empirical stress-strain relations and to develop an 
overall understanding of the strain hardening behaviour in 316L austenitic stainless 
steel. 


I 


Chapter 2 


Plastic deformation of crystalline 

1 

materials 


2.1 Plastic deformation of single crystals 

A large number of fundamental studies on the plastic deformation have been performed o l 
single crystals of pure metals so as to eliminate the complicated effects of grain boundarie 
and the constraints imposed by neighbouring grains and second phase particles. In thj 
section the plastic deformation behaviour of single crystals is briefly reviewed. 


2.1.1 Slip systems 

The principal mechanisms of plastic deformation are slip (glide), twinning and kinkin 
Among these, slip is the most common and important mechanism of plastic deformatit 
for metallic crystals. The combination of a particular slip plane and a slip direction! 
referred to as a slip or glide system. Table 2.1 shows the main operative slip systems! 



6 


Plastic deformation of crystalline materials 


Table 2.1: The main operative slip systems in three crystal structures 


Crystal structure 

slip plane 

slip direction 

Total number 

of slip systems | 

BCC 

{110} 

< 111 > 

48 


{112} 




{123} 



FCC 

{111} 

< 110 > 

12 

HCP 

(0001) 

< 1120 > 

3 


three common crystal structures. 

Schmid had shown that plastic flow begins when the shear stress resolved on the pri- 
mary glide plane in the primary glide direction reaches a critical value (characteristic of 
the material) and independent of crystal orientation. This critical resolved shear stress (r„ ) 
remains more or less constant for a crystal of a given purity [15]. It is influenced bv such 
variables as temperature, concentration of alloying elements and strain rate. 


2.1.2 Stress-strain curves of metal crystals 

The fundamental way to present single crystal deformation data is by plotting resolved 
shear stress versus shear strain. Stress-strain curves of single crystals show typically three 
stages of hardening (particularly distinctive in FCC crystals) as illustrated in figure 2.1. 
Stage 1 or easy glide is a region of low linear hardening (0 X ) while stage 2 is a second linear 
region with a much greater rate of work hardening (0 2 ), which is frequently interrupted by 
the early development of stage 3 having decreasing rate of hardening (0 3 ). For different 
metals the relative dominance of the three stages of hardening changes, and even for a 
given metal these three stages of hardening are influenced by various variables [16] such 
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as purity, crystal orientation, temperature, crystal size, shape and surface condition as 
discussed below. 



Figure 2.1: Typical stress-strain curve of a pure FCC metal single crystal. 

Presence, of insoluble impurities such as inclusions, even when present in low concen 
tration can reduce and finally eliminate stage 1 hardening. On the other hand impuritie 
which go into solid solution tend to increase the extent of stage 1 and decrease the strai 
hardening rate (#i). The extent of stage 1 decreases with increasing temperature, size e 
the sample, and oxide film/surface coating thickness. Orientation of crystal also affecl 
the stage 1 hardening. Soft crystals (with orientations in the central region of stem 
graphic triangle) are least likely to exhibit slip on more than one slip system for larg 
part of strain and thus stage 1 is larger compared to hard orientations which lie near tl 
corners or on the boundaries of the stereographic triangle where two or more slip systen 
have the same resolved shear stress. 

High stacking fault energy (SFE) materials such as aluminium do not exhibit w 
defined stage 2 hardening while low SFE materials like copper have a well defined stage 
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at room temperature. Temperature has a significant effect on the duration of Mage 2 
hardening but the rate of hardening, other factors being constant, is wry insenstme to 
temperature. As the temperature is increased, stage 3 becomes more pronounced and the 
stress-strain curve is essentially composed of stage 3. Crystal orientation. M/e, shape and 
surface condition have a negligible effect on stage 2 when compared to those observed 
during stage 1. 


Stage 3 is much less sensitive to purity, crystal orientation, size, shape and surface 
condition as compared to stages 1 and 2. However, the effect of temperature is pronounced 
on this stage as discussed above. 


2.1.3 Mechanisms of strain hardening 


Strain hardening is caused by dislocations interacting with each other and with barriers 
such as impurities which impede their motion through the crystal lattice [17]. Hardening 
due to dislocation interaction is a complicated phenomena because it involves a large* group 
of dislocations, and is difficult to specify a group behaviour in a simple mathematical 
way. Dislocation density increases with plastic strain through dislocation multiplication 
by mechanisms such as the Frank-Read type. 


The earliest theory of work hardening proposed by Taylor [18, 19] who assumed that 
many dislocations do not reach the surface of a crystal but interact elastically with other 
dislocations, and become anchored within the crystal forming a network. Thus the dis- 
location density gradually increases as deformation proceeds, and the stress necessary to 
move a dislocation in the presence of other dislocations is raised. A parabolic relation 
between shear stress(r) and shear strain( 7 ) is obtained by Taylor as follows; 


r = KG 



(2.1) 


where, G is the shear modulus, b is the burger vector, L is the mean distance between the 
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dislocations in the network, I\ = 1 is for screw and K = 2(1 - v) is for edge dislocations, 
and v is the Poission’s ratio. 

However, the Taylor theory is incompatible with various experimental observations 
relating to strain hardening. Mott [ 20 ] overcame some of the objections to Taylor’s theory 
by replacing individual dislocation interactions by interaction between piled-up groups of 
dislocations against obstacles such as sessile dislocations. A dislocation pile-up consisting 
of n dislocations was considered as a super dislocation with the burger vector nb Mott [20] 
also obtained a parabolic relation as given below: 


G fjnb\ 


1/2 


( 2 . 2 ) 


■ 27 T\ L ) 

However, experimental work has shown that most single crystals do not exhibit parabolic 
stress-strain curves. This is the principal drawback of the above theories of work harden- 
ing. 

Considering the thermally activated nature of plastic deformation, Seeger et al. [21 
have derived an expression for the flow stress r as a function of temperature T and straii 
rate 7 as: 

Uo - kT In (£4S*i) 

r(T) = t g H y 1 = r G + r s (2.3 

where, t g is an athermal component of stress which arises from the interaction of paralle 
dislocations on the primary slip plane, Uq is a single rate controlling activation energy 
k is a Boltzaman’s constant, is a frequency factor determined by the obstacles, V j 
the activation volume, N is the number of dislocations sweeping out an area (A) of tb 
slip plane, b is the magnitude of burger vector, and ts is the thermal component of stre: 
which arises from the intersection of dislocations with the forest dislocations which ci 
through the slip plane and other obstacles such as impurities, second phase and poij 
defects. Hence rs can be represented as: 

= Tp_jy "4" Tf + T im -f- Ttfp + Tpd (2. 

where is the resistance to dislocation movement from the crystal lattice, defined ; 
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the Pcirls-Nabarro stress, r f is the resistance from forest dislocations, T vn is the tesistanee 
due to interaction of dislocations with impurity atoms, r dp and r pd are t he resistance due to 
interaction with dispersed particles of second phases and with point defects respectively. 

r s term decreases with increase in temperature and disappears at high temperature, 
but the r c term remains unaltered as the temperature is changed. The flow stress of a 
metal would thus be expected to decrease rapidly with rising tempm at me and become 
independent of temperature when the temperature is raised sufficiently. 'Flu* operating 
strain hardening mechanisms in the three stages of the stress-strain curve are considered 
below. 


2. 1.3.1 Stage 1 hardening 


As only one slip system is operative in this stage, the hardening effect is low. The mean free 
path of dislocations is long, and a very high proportion of moving dislocations reach the 
surface of the crystal. Seeger and co-workers [21,22] have attributed stage 1 hardening 
to long range interaction between fairly widely spaced dislocations of the primary slip 
system and obtained a relation for work hardening coefficient as: 


1 dj 9 7r l L) 


( 2 . 5 ) 


where, L and d are slip line length and slip line spacing, respectively. 


2. 1.3. 2 Stage 2 hardening 

The most important contribution to work hardening in face-centered-cubic metals comes 
from stage 2 which, like stage 1, is linear but with a much higher work hardening coefficient 
(# 2 ) compared to (<?i) as shown in figure 2.1. This stage begins when the slip occurs on 
more than one slip systems. # 2 is relatively independent of temperature as compared 
to $x. In this stage the interaction is considered to be between the piled-up groups of 
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dislocations. Further, the strong increase in flow stress in stage 2 is predominantly due 
to the temperature independent contribution from the stress fields of dislocations on the 
primary slip plane, rather than the component arising from interactions with the forest 
dislocations which is temperature dependent. 


Observations of slip lines during stage 2 indicate that they became progressively shorter, 
due to increasing concentration of Lomer-Cottrel locks. The formation of Lomer-Cottrel 
sessile dislocations, dislocation dipoles (formed by meeting of dislocation loops gliding in 
closely oriented slip planes) and complex dislocation networks result in strong hardening 
effect in stage 2. From the hardening due to long range stresses of piled-up groups, Seeger 
ei al. [21] were able to evaluate the rate of hardening in this stage as: 


0 2 = 


dr 

dj 


PG 

6 7T 2 


( 2 . 6 ) 


where, fi is a constant = 0.5, which is close to the experimentally determined values. 


As a result of slip on several slip systems, dislocation tangles begin to develop anc 
these eventually result in the formation of dislocation cell structures consisting of region! 
almost free of dislocations surrounded by regions of high dislocation density. The averagi 
dislocation density(p) in stage 2 correlates with resolved shear stress(r) according to th 
following equation: 

t = To + a G b p 1,/2 (2.7 

where, r 0 is the shear stress needed to move dislocations in the absence of other dislocj 
tions and a is a numerical constant which varies from 0.3 to 0.6 for different face-centerec 
cubic and body-centered-cubic metals. 


2. 1.3.3 Stage 3 hardening 

Stage 3 is a region of decreasing rate of strain hardening, and it tends to occur mo 
readily at lower stress, as the temperature is raised. Cross slip is believed to be the ma 
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process by which dislocations piled up at obstacles during stage '2 ran escape and reduce 
the internal stress field. Seeger et al. [21] have pointed out that the beginning of Mage ;i 
is characterised by heavy slip bands with extensive cross slip. The onset of stage d is 
dependent on the stacking fault energy (SFE) of the metals. Metals with low SFE need a 
high activation energy for cross-slip. Thus in order to obtain a reasonable rate of cross-slip 
in copper (low SFE) at room temperature, the applied stress must be veiv high. On the 


other hand, a metal such as aluminium with a high SFE will exhibit stage .? h.udeuiug 
at room temperature, because the dislocations are undissodated and thus cross-slip can 
occur at a much lower applied stress. 


2.2 Plastic Deformation of Poly crystals 


The deformation of individual grains of the polycrystalline aggregate ait 1 subjected to 
the constraints imposed by neighbouring grains. According to Von Mises criterion, for 
a crystal to undergo a general change of shape by slip requires the operation of five 
independent slip systems. This arises from the fact that an arbitrary deformation is 
specified by the six components of the strain tensor, but because of the requirement 
of constant volume, there are only five independent strain components. Crystals which 
do not posses five independent slip systems are never ductile in polycrystalline form, 
although a small plastic strain may be possible if there is twinning or a favourable preferred 
orientation. Cubic metals easily satisfy this requirement, which accounts for their general 
high ductility. Hexagonal and other low crystal symmetry metals do not satisfy this 
requirement and have low ductility at room temperature in polycrystalline form. 

To maintain the continuity at grain boundaries, strain in the vicinity of a grain bound- 
ary usually differs markedly from that at the center of the grain. As the grain size 
decreases and strain increases, the deformation becomes more homogeneous. Because of 
the constraints imposed by the grain boundaries, slip occurs on several systems, even at 
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low strains. As the grain size is reduced more of the effects of grain boundaries will bo 
felt at the grain center. The theoretical and experimental stress-strain behaviour of a 
polycrystal at low temperatures are briefly considered here. 


2.2.1 Computation of stress-strain curves 

To understand the plastic deformation behaviour of polycrystals, it would be desirable 
to review various theoretical approaches to correlate the stress-strain behaviour of single 
crystals and polycrystals. In polycrystals the orientation factor, m (the reciprocal of 
Schmid factor, coscj) cosX) varies from grain to grain and thus the resolved shear stress on 
various slip systems also varies from grain to grain. 

The first theoretical attempt to unify the behaviour was made by Sachs [23] who 
suggested that the individual grains in a polycrystal deform like free single crystal (i.e., 
by single glide). For a random aggregate of grains, he obtained the average orientation 
factor m = 2.24 and related the tensile yield stress (cr y ) of a polycrystal to the critical 
resolved shear stress (r 0 ), as follows: 

a y — fhr 0 (2. 8] 

Later this model was rationalised in a slightly modified form by Cox and Sopwith [24] 
Kochendorfer [25,26] and Schwink and co-workers [27,28]. 

The above approach is limited as it assumes that each grain in an aggregate behave 
as an unrestrained single crystal and deforms on a single slip system. This will result I 
the production of voids but voids are known not to open up at grain boundaries durin 
plastic deformation, thus strain continuity must be maintained. This basic requiremet 
was fulfilled in the theory by Taylor [29] who assumed that all the grains in polycrysta 
were undergoing the same homogeneous strain as the bulk material. He selected 5 sli 
systems out of total numbers of 12 crystallographically equivalent octahedral slip systen 
of a face-centered-cubic (FCC) polycrystal for which least work is required in deformatio 
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Also he assumed that the work, ait. performed by a macroscopic stress H it, deformation 
(t/e) is the sum of the works performed by the critical resolve, i shear sttoss in tin 
increment of shear deformation (dy) as follows. 


ada = ]TVo 

1=1 


C'-M)) 


By assuming r 0 same on each slip systems, the average orientation factor vi for a 
polycrystal is found from equation 2.9 as follows: 

- = m = E; = x -^i (2.10) 

r 0 de 

t 

For a FCC polycrvstal, Taylor calculated a value of 3.06 - 3.1 for m (in contrast to the 
prediction of m = 2.24 by Sachs [23]). Taylor theory had been extended [30 32] by finding 
the combination of slip systems that minimises the value of £ dy % and satisfy the required 
continuity at grain boundaries. 


Kocks [33-35] discussed extensively the Taylor model and suggested that the basis of 
comparison should be made with single crystals which deform by multi-slip, as this defor- 
mation pattern may well be representative of the deformation that occurs in polycrystals. 
Such a comparison was made by Hansen [36] between the stress-strain curves of a single 
crystal with a tensile axis of < 111 > orientation and a polycrystalline specimen with a 
large grain size (figures 2.2a and 2.2b for aluminium and copper respectively). The Taylor 
factor (m = 3.06) was used both for converting shear stress to tensile stress and shear 
strain to tensile strain as follows: 

a = mr ( 2 . 11 ) 


and, 



( 2 . 12 ) 


Theoretically calculated value of stress in the entire strain range is higher than ex- 
perimental stress (figures 2.2a and 2.2b). The observed difference may be related to the 
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presence of internal stresses which are necessary in order to obtain the assumed multi- 
slip [3G]. 

An alternative to the Taylor model has been proposed by Leffers [37] who considered 
that the pile-up stresses are generated at positions where primary slip planes meet the 
grain boundary and these then may be relaxed by secondary slip m the neighbouring grain. 
In this model (termed as modified Sachs model), the stress and the strain conversion is 
based respectively, on the Taylor factor (m = 3.06) and Sach factor(?fi = 2.03). A better 
agreement between the converted single crystal curve and the experimental curve for the 
polycrystalline specimen is achieved (figure 2.2b). 


2.2.2 Experimental stress-strain curves 

Experimentally obtained tensile true stress (cr) versus true strain (e) curves of metals and 
alloys generally have the parabolic shape, and flow stress increases with increase m strain 
at low temperatures. To describe the stress-strain behaviour of polycrystalline metals and 
alloys in uniaxial and biaxial tensile tests, the four commonly used well known empirica 
equations are, 

cr = K/f e n * ( Hollomon ) (2.13 

cr = <7o + Ki e nL ( Ludwik ) (2.14 

a — cr s — (a s — cq) exp(—n v e) (Voce) (2.15 

'cr = K s (ei + e) n ‘ (Swift/ Krupskow ski) (2.16 

where, K H , Ki , cr s , K s are the strain hardening coefficients; n#, ul , n v , n s are the strai 
hardening exponents and cr 0 and cq are the elastic limit. 

Although not universally accepted, the Hollomon equation has been frequently used fc 
aluminium and its alloys. For low carbon steels either Hollomon or Swift/Krupskowsh 
for austenitic and high alloy steel among others the Ludwik relationship and for copp< 




Figure 2 2: Experimental stress-strain curves at room temperature of polycrystalline spec- 
imens ( d = 0.2 mm) and theoretical stress-strain curves calculated on the basis of (a) 
Taylor model and (b) Taylor as well as the modified Sachs model [36]. 
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and its alloys Voce equation is commonly used [38]. Ratke et al. [38] have shown from 
the experimentally measured values of differential n that none of the above four strain 
hardening equations is capable of reproducing either the measured value of differential n. 
or of the measured strain hardening rates correctly. However it seems in many metals, 
the values of n vary with the amount of deformation. 

Low and Garofalo [39] found that the Hollomon relation was an adequate description 
of the plastic flow behaviour exhibited by an 18 — 8 stainless steel. They suggested that 
the deviation from the Hollomon relation probably results from a phase change during 
deformation. Subsequently Ludwigson [40] has shown that for many stable stainless steels 
and the face-centered-cubic metals with low stacking fault energy, the Hollomon equation 
is able to describe the plastic behaviour only at higher strains. In order to account for the 
deviation from the Hollomon relation at low strain, Ludwigson [40] modified the Hollomon 
relation as: 

o = K r e ni + exp{K 2 + n 2 e) (2.17) 

where, K 2 , rq and n 2 are constants to describe the stress-strain behaviour of low 
SFE materials. It has been suggested [40] that the second term on the right hand side of 
equation 2.17 (dominating at lower strain) corresponds to planer slip, whereas the first 
term (dominating at large strains) corresponds to cross-slip and consequent cell formation. 

By applying the Hollomon relation, Kashyap and Tangri [41] found three different 
regions in logarithmic stress-strain plots of 316L austenitic stainless steel and reported the 
values of n and K for these three regions. They reported a decrease in work hardening rate 
with increase in grain size when compared at a constant stress level, while Ulvan et al. [42 
have observed an increase in strain hardening parameters (n and K) with the increase 
in grain size. The peaks/plateau in the variation of parameters of Ludwigson and Voc 
relations with temperature has been identified in the intermediate temperature range a 
one of the manifestation of dynamic strain aging [43,44]. In order to understand the wor 
hardening behaviour, the plots of instantaneous work hardening rate 6 — da/ de or a6 as 



18 


Plastic deformation of crystalline materials 


function of a have been widely used [45-47], From those type of plots. Sivprasad rt nl. [44] 
have observed accurate prediction of experimental 0 at lower stress in muddied ummmmr 
stainless steel (loCr - 15iVz - 2.2 Mo - T>) by using Ludwigson equation. However, the 
Voce equation follows the experimental 9 values more closely at larger stress levels and 
also shows saturation behaviour at higher strains. 


The shape of the a versus e curve and the plasticity of polycrystals depend on the type 
of crystal lattice, structure of crystals, grain size, temperature and strain rate. In general, 
the yield and flow stress of polycrystalline materials, increase with decrease in grain size. 
Thompson et al. [48] have reported a reverse trend after a certain strain level at room 
temperature in pure aluminium and copper, but Lloyd [49] observed a general trend of 
flow stress increase with decrease in grain size in pure aluminium up to large strain. He 
concluded that the reverse trend of Thompson et aV s results, is due to the differences in 
texture. In general, with increase in strain rate, the flow stress increase's at a roust, ant 
strain level. With increase in temperature, the flow stress generally decreases and this 
effect is discussed below. 


2.2.3 Effect of temperature on flow stress 

The normalised yield (a y /E, E is the modulus of elasticity) and flow stress ( a f /E ) 
against temperature of many polycrystalline materials are distinguished by three re- 
gions as shown in figures 2.3 and 2.4. The normalised stress decreases with increasing 
temperature in the low temperature (T < 0.3 <Tm,Tm being the absolute melting tem- 
perature) and high temperature (T > 0.5 Tm) regions while it is either independent or 
weakly dependent on temperature in the intermediate region. The first two regions up 
to around 0.5 Tm for polycrystals are similar to those of single crystals discussed in sec- 
tion 2.1.3. In the intermediate temperature range, the appearance of hump in the variation 
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Figure 2.3: Normalised a y against temperature plots for micro-grained 316L austenitic 
stainless steel [11]. 


T/T m 



Figure 2.4: Experimentally observed variation in yield and flow stress with temperatui 
in 316X austenitic stainless steel. The range of temperature corresponding to the jerk 
flow is shown by the bar [113]. 
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of flow stress with temperature results from the dynamic strain aging U>SA) [ \X 
Mannan at al [52] have reported an increase in the work hardening rate with temperature 
for different grain sizes, and they have shown a peak at the same tempemture when the 
flow stress starts to decrease at high temperatures. The increase in flow stress m the DSA 


range is considered to arise due to larger dislocation density at a gi\on sfiaui < ompaied 
to that at other temperatures. The increase in work hardening rate in DSA range can 
also be correlated with the more rapid increase in dislocation density [5:1. 5-1] 


The decline in work hardening rate and rapid drop in normalised flow stress above 
0.57w has been attributed to precipitation of carbides [50], depleting the matrix of solutes 
responsible for dislocation locking as well as to dynamic recovery [51]. Others [11 14] in- 
terpreted it on the basis of annihilation of extrinsic grain boundary dislocations ( EOBDs). 
Varin et al. [11] concluded from the temperature dependent yield stress plots (figure 2.3) 
of Mannan et al. [52] that the yielding, at least in the austenitic stainless steel, is strongly 
controlled by the grain boundaries especially for small and medium grain sizes. The 
main mechanism operating during the high temperature deformation is believed to be the 
grain boundary sliding and grain boundary migration. Thus the plastic behaviour of a 
polycrvstal is greatly influenced by the grain size and this effect is discussed below. 


2.3 Grain size effect in plastic deformation 


The effect of grain size on yield and flow stress is of interest towards strengthening of 
materials. During deformation of polycrystalline materials both the grain boundaries and 
grain interiors contribute to varying extents. A reasonable mechanical properties can be 
achieved from the control of grain boundaries structure and grain size. First attempt in 
this direction was made by Hall [55] and Petch [56] to correlate the yield stress with grain 
size. In this section the Hall-Petch behaviour of polycrystalline materials is reviewed. 
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2.3.1 Hall-Petch relation 

The dependence of yield and flow stress on grain size is expressed by the well known 
Hall-Petch relation: 

o(e) = a Q (<i) + K{e)d~ 112 (2.18) 

where, cr(e) is the flow stress, d is the average grain size, cr 0 (e) and K(e) are constants 
at a given strain known as Hall-Petch intercept and Hall-Petch slope respectively. The 
above relationship based on experimental observations is rationalised by various investiga- 
tors [55-61]. cr 0 (e) is equivalent to the flow stress of a single crystal oriented for multi-slip. 
The term K(e)d ~ 1//2 relates to the resistance at the end of the slip band reaching the grain 
boundary. In other words <To(e) is known as friction stress and K(e) the grain boundary 
strengthening parameter. cr 0 (e) and K(e) depend on the plastic strain and temperature. 
Equation 2.18 gives a good empirical description of the behaviour of many metals and 
alloys. For example, figure 2.5 shows a linear relation between yield stress and d -1 / 2 for 
many materials [36], whereas figure 2.6 shows linear dependency of yield and flow stress 
with d -1/2 of 70/30 brass [62]. 

Figure 2.7a shows the effect of plastic strain on the friction stress, <7o(e). At room 
temperature, cro(e) monotonically increases with increasing strain [41]. The linear increase 
in <7 0 (e) with increasing strain had been correlated [59] with the linear stage 2 hardening 
observed in single crystals. The linear hardening in stage 2 is related to dislocatior 
interactions in the absence of any recovery processes (e.g., cross slip). Sangal et al. [63 
observed much higher value of slope ( ~^ ) in 316L austenitic stainless steel as compared 
to theoretically predicted value from the slope of stage 2 hardening of single crystal 
Hall-Petch slope K(e) generally increases with increasing strain at room temperatuf 
(figure 2.7b). 

The Hall-Petch constants are also dependent on the stacking fault energy (SFE) of tt 
material. Low SFE materials such as brass [62] and 316L austenitic stainless steel [4 ! 
52, 63] show linear dependence of ao(e) with e right up to necking while higher SF 
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(a) 



(b) 



Figure 2.7: The dependence of Hall-Petch parameters (a) <jq and (b) K on strain [41] 
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materials (e.g., copper [62]) show depaiture from linearity at room temperatme I\{<) 
also increases with increasing strain in low SFK materials [41,52], whereas a no change [ft 1] 
oi decrease [62] in A'(<) with strain had been usually observed to be a eharnetetistie of 
high SFE materials. Hall-P('teh constants are strongly dependent, on temperature and 
this effect will be discussed in a later sections. 


2.3.2 Grain size strengthening models 

In the Taylor model and its modifications, the effect of grain size on flow stress is not con- 
sidered. An allowance for this effect was introduced by Kochendorfer [25] who suggested 
that the interior of the grains in polycrystalline specimens may deform like isolated sin- 
gle crystal and that the misfit where the grains meet might be accommodated elastically 
or plastically. It follows from this theory, that the flow stress will depend on grain size. 
Several models were introduced to relate the yield and flow stress with grain size. Some 
of the important models are presented in the following sections. 


2. 3. 2.1 Hall-Petch model 

The original dislocation model for the Hall-Petch behaviour was based on the concept 
that grain boundaries act as barriers to dislocation motion. The dislocations generated 
from a source on slip plane will propagate and pile-up at the grain boundaries. When 
the stress at the tip of this pile-up exceeds some critical value (r c ), slip is induced in the 
neighbouring grain. The stress (r c ) at the tip of a pile-up of n dislocations of like sign is 
given by following equation: 

r c = riT s ( 2 . 19 ) 

where, t s is the effective shear stress and it is taken as equal to the applied shear stress(T) 
less the friction stress (r t ) to overcome lattice resistance in dislocation motion. This can 
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be expressed mathematically as follows: 


1 

l- 

II 

£ 

(2.20) 

The number of dislocations n that can occupy a distance L along the slip plane between 

the source and the barrier is given by [65]: 


K tv t 3 L 

U ~ Gb 

(2.21) 

where, K is a factor close to unity for a screw dislocation and (1- 

Taking L as equal to d/2, we have 

■u) for an edge dislocation. 

• TrK(r — Ti) 2 d 

Tc ~ 2Gb 

(2.22) 

or, 

(2 Gbr c \ 1/2 

T = T ' + \irKd 

(2.23) 


In more simple form equation 2.23 can be written as: 


r = r, + if' d 1/2 (2.24) 


In terms of normal stresses equation 2.24 is expressed as:. 

(T y = cr 0 + Kyd~ 1/2 (2.25' 

Equation 2.25 is known as Hall-Petch relation. While o y is the yield stress, a 0 and k y ar< 
known as Hall-Petch intercept and slope, respectively. Armstrong et al. [59] considerec 
the flow stress at a given strain as a function of grain size and extended equation 2.25 t< 
include the flow stress at various strains (equation 2.18). 

2. 3. 2. 2 Forest hardening models 

In this class of theories, pile-ups are disregarded and a linear relation between yield < 
flow stress and square root of dislocation density is taken as an established experiment 
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fact [66,67] and expressed by following equation: 

<7; = Oo + Or C b p l/2 (2.26) 

where, p is the average dislocation density, a is a numerical constant generally varies 
between 0.3 to 0.6, and <t 0 is the internal friction stress. Equation 2.26 is commonly 
known as the hardening equation. The first attempt to relate the dislocation density, at 
a given strain, to the grain size was due to Meakin and Fetch [68], who assumed that 
the average slip distance L 3 might be comparable to the grain diameter. Based on this 
assumption they obtained the following equation: 

a(e) = ere + a G b 1 ' 2 e 1 ' 2 dr 1 ' 2 (2.27) 

This differs from the usual Hall-Petch equation, since here er 0 is independent of strain 
which contradicts the experimental results. Considering grain boundaries as dislocation 
sources, a more general model proposed by Li [69] avoids the description of the stress at 
grain boundaries and instead concentrates on the influence of grain size on dislocation 
density. For a total length of dislocations (released to the interior from grain boundary) 
per unit area of grain boundary, m, the dislocation density, p, at yielding can be calculated 
for a spherical grain as p = 3 m/d. Combining this relation with equation 2.27 the following 
relation is obtained [69]: 

Gy — oq + oil G b (3m) 1 / 2 d (2.28) 

Ashby [61,70] proposed a polycrystalline strengthening model in terms of dislocations 
density. In this model, the deformation of each grain is separated into a uniform defor- 
mation and a local nonuniform deformation in the grain boundary region. During the 
uniform deformation a dislocations density (p 3 ) of statistically stored dislocations accu- 
mulates and causes work hardening within the grains, assumed to be same as in equivalent 
single crystal. In a grain undergoing for a uniform strain in an aggregate of grains overlaps 
or voids occur. These were corrected by introducing geometrically necessary dislocations 
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of density p° [71]. The accumulation of p 9 causes the grain size dependent part of the 
stress-strain curve. The p 9 and p 3 were calculated as follows: 


P° = 


Ci 6 

~bd 


P 


S 


£2_e 
bL 3 


(2.29) 


(2.30) 


where, C\ and c -2 are constants, e is the tensile strain, b is the burger vector, d is the grain 
size and U is the geometrical slip distance. 


The total density of dislocations (p‘), in a grain may then be taken as the sum of p 9 
and p s , neglecting interactions between the arrays. The following expression for the flow 
stress was obtained by using the hardening equation 2.26. 

a(e) = cr 0 +a ~ (2.31) 

The above equation shows that the flow stress at a constant strain may be a function of 
^-i/2(pj >> p s ) or d~ l (p 3 » p 9 ) depending upon the grain size contribution. 


2. 3. 2. 3 Composite models 


The assumption by Chalmers and co-workers [72, 73] that a microscopic incompatibility 
zone with a width of a two micrometers may form at the grain boundary in polycrystals 
has led Kocks [35] to propose a composite model for polycrystalline strengthening. He 
considered each grain as consisting of a grain boundary rim (with a volume fraction v, 
and a flow stress cr g ) and a grain interior (with a volume fraction v l and a flow stress <J t ) 
By equating the forces over the whole grain with the sum of the forces on each componen 
(/ = f g 4- / t ), the following equation was obtained: 

a = v g o g + Vi a* (2.35 


or, 


<r* + (op - <?*) 


f 4 dx — 4 a; 2 


1' 


d? 


(2.3: 
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where, x is the width of the grain boundary region and d is the grain size. For d 
equation can be written as: 


It follows from equation 2.34 that the flow stress may vary with d~ x . However, 
relationship may also be obtained if x and a g are allowed to vary with d. 


> x this 

12 . 34 ) 
a d ■»/* 


The composite model was further developed by Thompson and co-workers [57,74,75] by 
assuming the grain boundary area to be proportional to L*/d, and obtained the following 
expression [74]: 

a = <r„ + (1 - —) h + ^ k, drV* (2.35) 

i 

where, L s is the average slip length and is a function of strain and grain size, k\ and k y are 
constants. At small strains, L 3 approaches d and the above equation becomes equivalent 
to Hall-Petch type. At increasing strain, L s /d decreases, and thus the effect of grain size 
on the flow stress decreases. 


Either forest hardening or composite model can be transformed into the Hall-Petch 
type of relationship, which is understood to be the fundamental model for grain size 
strengthening. The linear hardening of Hall-Petch intercept, cr 0 (e) with strain is due 
to the increasing stress field of already accumulated parallel pile-ups on the fresh pile- 
up involved in starting the next slip band in neighbouring grain [62]. The increase in 
dislocation density inside a grain with strain has been also observed by transmission 
electron microscopy [41]. The higher rate of increase in cr 0 (e) with strain compared to 
stage 2 hardening in single crystal was attributed to the long range stress field of extrinsic 
grain boundary dislocations in 316L austenitic stainless steel [63]. 

The increase in K(e) with strain in low SFE materials can be explained from the for- 
est hardening model of Meakin and Petch [68], where K(e) = aGb b' 2 e 1/2 . In high SFE 
materials, the drop or no change in K{e) is attributed to the development of substruc- 
tures [64]. It may be pointed out that the formation of substructures implies that the 
initial grain size, d can no longer be used in the Hall-Petch relationship. Therefore it may 
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be concluded that this observed decrease in K(e) with strain has no physical significance 
in equation 2.18. However the observed decrease in K(e) at lower strain in low SFE ma- 
terials like 31GL austenitic stainless steel (figure 2.7b) as reported by Sangal et al. [63] 
and Kashyap et al. [41] cannot be explained on the above basis as no recovery process 
was initiated during room temperature deformation at low strains in this material. The 
observed initial decrease in A'(e) with e may be due to the formation of extrinsic grain 
'boundary dislocations (EGBDs) which act as sites of stress concentrator i.e., making it 
easier to generate dislocations in the vicinity of grain boundaries [63,76]. The increase 
in K(e) with e in figure 2.7b at higher strain may be ascribed to the development of the 
mantle zone which hinders the propagation of dislocations through it [57,61]. 


2.3.3 Effect of other microstructural parameters on flow stress 

The yield and flow stress may not be only dependent on the grain size but also on other 
microstructural parameters, such as grain size and shape distribution, texture, and grain 
boundary structure. Hall-Petch relation was derived with the assumption that the stress 
concentration at the head of pile-ups containing large number of dislocations reaches the 
critical value to initiate slip in neighbouring grains. Hence this relationship may not even 
be used for very fine grain sizes (in nano crystalline materials), where the distance between 
the source at the center of grain and the grain boundary is very small. The number of 
dislocations in this small pile-up length may not be sufficient to initiate a dislocation 
source in the neighbouring grain [77]. 

The grain size and shape distribution play an important role in the plastic deformatior 
of polycrystalline materials. For example, for the same mean grain size, the samples witl 
varying grain size distribution would have varying volume fraction of grain boundaries 
Since in the early stages of plastic deformation the mechanical properties of polycrystal 
are largely controlled by grain boundaries, varying volume fraction of grain boundarie 
would have an influence on these properties [78]. 
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Texture plays an important role in the plastic deformation of pohvrystals. Maeher- 
ancli [79] in his review paper has pointed out that, a difference in texture may be developed 
due to the different mechanical and thermal treatments employed to obtain different grain 
sizes. This may be the possible reason for the cross over of stress-strain curves and nega- 
tive values of I\{() at high strains as reported by Thompson et a l. [48]. 

Thompson and co-workers [48,57,75,80,81] considered that the cross over effect was an 
intrinsic property of polycrystal work hardening and any texture effect was overshadowed 
by the grain size effect. Hansen [36] in his review paper reported an increase in the volume 
ratio of < 111 > to < 100 > texture component during annealing of cold rolled copper 
in the temperature range of 400 °C to 750 °C for 10 to 20 hours to cause grain growth. 
The Taylor factors for the two components are 3.66 and 2.45 respectively and this texture 
development results in an increase in flow stress with the increase in grain size. It has been 
also suggested by other investigators [49,82,83] that the cross over in stress-strain curves 
and negative values of K(e) at large strains may be an effect associated with texture. 
Therefore, equation 2.18 may be a valid empirical equation for the flow stress-grain size 
relationship in polycrystalline specimens if texture effects are accounted for. 

In the grain size strengthening models, it has been implicitly assumed that grain bound- 
ary structures are similar in all samples of different grain sizes. But different thermo- 
mechanical treatments applied to obtain different grain sizes may result in high energy 
boundaries or non-equilibrium boundaries. For low annealing temperature or annealing 
time, the grain boundaries may remain in a non-equilibrium state after recrystallisation 
and grain growths as reported by Varin and Tangri [84] in an austenitic stainless steel. The 
lattice dislocations are easily incorporated in the grain boundaries during grain boundary 
migration m grain growth, and this results in a highly non-equilibrium structure of the 
grain boundaries. The increased thermal energy during the annealing at elevated tem- 
peratures is responsible for the rearrangement of grain boundary atoms into equilibrium 
state i.e., low energy configurations. Lattice dislocations can easily run-in into high angle 
gram boundaries during deformation, thus creating extrinsic grain boundary dislocations 
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(EGBDs) as shown in figure 2.8a [85]. Grain boundaries containing EGBDs posses higher 
energy and they can be transformed during high temperature annealing to the low energy 
equilibrium state by grain boundary recovery [86] as shown in figure 2.8b. It has been 
shown [4, 5, 12, 84, 87] that the temperature at which EGBDs disappear during in situ 
heating in transmission electron microscope (TEM) is significantly lower for austenitic 
stainless steel specimens cold rolled and annealed at relatively lower temperatures of 
750 °C to 760 °C as compared to those annealed at about 1100 °C. The low temperature 
of disappearance of EGBDs indicates a non-equilibrium grain boundary structure, i.e., a 
higher grain boundary free energy. 

< It had been shown [13,88] that grain boundary state has a significant effect on mechan- 
ical properties of polycrystals. Higher value of K(e) in the fine grain region as compared 
to that in the coarse grain region in 316L austenitic stainless steel [41, 78] cannot be 
explained from the Hall-Petch model. Differences in the grain boundary structure may 
be the possible reason for above deviation. Higher free energy of grain boundaries in the 
fine grain region causes harder mantle zone and hence higher value of K (e) as compared 
to that in the coarse grain region. So the relative grain boundary energy distribution in 
polycrystals is an important microstructural parameter in the study of plastic deformation 
behaviour. 


2. 3. 3.1 Estimation of grain boundary energy distribution 

Several investigators, for example Phumphery et al. [4, 5] and Varin et al. [12, 89-91] 
have measured the grain boundary energy by studying the spreading and disappearanc< 
kinetics of extrinsic grain boundary dislocations (EGBDs) in TEM during in-situ anneal 
ing. However the technique is cumbersome as well as prone to error in the estimation o 
temperature and time of disappearance of EGBDs. The value of grain boundary energ 
has been calculated by measurement of groove angles in the thermal groove method [J 
and in the Zero creep method [2,3]. During thermal grooving and Zero creep, the origin; 



32 


Plastic deformation of crystalline materials 


structure of the boundary may change and therefore, it may not be possible to estimate 
the grain boundary energy distribution of the original structure. Also the nun hods are 
limited to surface grain boundaries and may not be representative of the bulk material. 
Grain boundary energies could also be related simply to the true dihedral angles (9. It)] 
i.e., the angle between grain boundary planes meeting at a triple edge in the three di- 
mensional structure of polycrystals. Murr ei al. [6-8] have directly measured the true 
dihedral angles using TEM images in which the three dimensional structure of grain 
boundary planes meeting at triple edges can be observed. This method of measurement is 
tedious and therefore it is not possible to obtain a statistical estimate of the true dihedral 
angle distribution in polycrystals. Cahn [92] and Goux [93] have pointed out that the 
true dihedral angles depend not only on the relative energy of grain boundaries but also 
on the torque resulting from the dependence of the energy on grain boundary orientation. 
Assuming that the torque term might be statistically neglected, the distribution of true 
dihedral angles in polycrystals can be used to infer changes in the distribution of rela- 
tive energy of grain boundaries [94]. Assuming a normal distribution of grain boundary- 
energies, Kurzydllowski [95] has related the energy distribution of grain boundary to the 
distribution of plane dihedral angles (i.e., the angles between grain boundary lines meet- 
ing at triple point observed in polycrystal microstructures obtained from plane of polish). 
The assumption of normal distribution is the main limitation of this method. The sta- 
tistical distribution of true dihedral angles (TDA) may be estimated from the measured 
distribution of plane dihedral angles (PDA). 
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Figure 2.8: TEM micrographs: (a) showing EGBDs at grain boundary and (b) after 
annealing in-situ, EGBDs have disappeared [85]. 
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2.3.4 Effect of temperature 


Temperature has a very pronounced effect on the yield and flow stress of polycrystals and 
hence on the Hall-Pctch constants. Generally the Hall-Petch intercept a 0 (e) decreases 
monotonically with increasing temperature, whereas K(e) decreases with increase in tem- 
perature except at intermediate-temperatures where K{e) shows a plateau or hump [52,88] 
as shown in figure 2.9. Armstrong [96] demonstrated that cr 0 (e) reflects the deformation 
processes in the grain interiors, while K(e) reflects those in the grain boundary regions. 
Thus the monotonic decrease of oo(e) with temperature may be attributed to decreasing 
lattice friction. Similarly if the general tendency for K (e) to decrease with temperature 
is interpreted as weakening of the locking effects at grain boundaries, then the increase in 
K (e) at intermediate temperatures may be attributed to a mechanism which contributes 
to additional locking at grain boundaries in this temperature range. The additional lock- 
ing could occur as a result of dynamic strain aging in the grain boundary regions [41.88]. 
Solute segregation at grain boundaries on Cr-Mn-N austenitic stainless steel [88] may be 
the possible reason for dynamic strain aging at grain boundaries. Also the flow stress 
peaks become more pronounced at finer grain sizes is a further reason for concluding that 
grain boundary regions are preferred sites for dynamic strain aging [52]. 

From the substructural studies in 316L austenitic stainless steel, Kashyap and Tan- 
gri [41] have shown that, at intermediate temperatures (approximately 400 °C) the dis- 
location density in the grain interior is higher than that at room temperature, may b( 
due to the dynamic strain aging effect. In spite of higher dislocation density at 400 °G 
cr 0 (e) is less than that at room temperature which reflects the dominance of thermal ef 
feet on the lattice friction. At higher temperatures (approximately 700 °C) dislocation 

I 

are uniformly distributed in the grain interior, with a density less than that at 400 °(j 

I 

However at higher strains, dynamic recovery is more predominant at 700 °C as compare 
to the substructures developed at 400 °C. This difference may result in lower cr 0 (e) i 
higher strains at 700 °C than those observed at 400 °C. The decrease in K(e) at high) 
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Figure 2.9: Temperature dependence of the Hall-Petch parameters [88]. 

temperatures is due to the cell formation which becomes easier by cross-slip and climb of 
dislocations. 


2.3.5 Deviation from Hall-Petch relationship 

Many metals and alloys clearly obey the Hall-Petch relation with some deviations [41,49, 
78,80,97]. Tangri and co-workers [41,78] have observed bi-linear Hall-Petch relation in 
316L austenitic stainless steel. The small grain size region shows positive deviation from 
the Hall-Petch plot. Sangal and Tangri [78] explained this deviation to the higher volume 
fraction and higher energetic state of grain boundaries which resulted in higher yield stress 
as compared to the extrapolated Hall-Petch plot in the similar grain size regime. Kashyap 
and Tangri [41] had observed higher dislocation density in the grain interior of the large 
grained specimens as compared to that in the fine grained specimens and hence a 0 in the 
coarse grain region is higher than that in the fine grain regime. Larger accumulation of 
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dislocations in the mantle zone of the smaller grained specimen (increased width of mantle 
zone must impede further the transfer of slip from one grain to other) is responsible for 
higher A'(e) in the fine grain regime compared to the coarse grain regime. 

In fine grained aluminium polycrystals, Lloyd [49] reported yield stress as inversely 
dependent on grain size and this relationship was found by Morris et al. [98]. The higher 
K(e) value in the fine grain region obtained in the Hall-Petch plot may be due to inho- 
mogeneous yielding and the propagation of Luder bands through the gauge length. At 
higher strains, a(e) versus d~ 1 ^ 2 plot gives single linear line as observed by Kashyap et 
al. [41] in 316L austenitic stainless steel. Below 1 gm grain size in Nickel, Thompson [80] 
observed no change in flow stress with d~ 1 ! 2 . This may be attributed to suppression of 
cell formation. Dislocation sources in the grain interior become rare below 1 /am. Thus 
the grain boundary sources are predominant in sub-micron grains. It implies that slip 
length is a weak function of strain and hence the fine grained materials deform entirely 
by boundary hardening. In copper polycrystals negative values of K(e) at large strains 
were reported by Thompson et al. [4S]. This deviation from the Hall-Petch relation may 
be an effect associated with texture [36,49,79,82,83]. 

Thus it seems that a single Hall-Petch relation is not able to incorporate the entire 
range of grain sizes. This may be due to the effect of other microstructural parameters 
on flow stress as discussed in section 2.3.3, which are not taken into account in HalL 
Petch relationship. Also at high temperatures (T > 0.5T m ), the Hall-Petch behaviour 
is expected to break down [52, 88] since other high temperature mechanisms, such as 
grain boundary sliding, grain boundary' migration and diffusional flow may be operative 
as discussed below. 



38 


Plastic deformation of crystalline materials 


2.3.6 Hall-Petch behaviour in high temperature deformation 


High temperature deformation is commonly known ms the working temperature above 

equi-cohesive temperature (0.5T A ,,T,\/ is the melting temperature of the material). Below 

O.STa;, most metals and alloys obey the Hall-Petch relationship except in some nines where 

deviation from the single linear relationship occurs in the fine grain region as discussed 

in section 2.3.5. On the other hand, Hall-Petch behaviour generally breaks down at high 

temperatures. For examples, the negative K(e) value in Cr-Mn-N austenitic steel [88] and 

the excessive scatter in the a(e) versus d“P 2 plots in 316L austenitic stainless steel [52] 

were reported. Dominance of high temperature flow mechanisms is the probable reason 
1 

for break down of Hall-Petch relationship at high temperatures. 

At low temperatures, intragranular dislocation slip is the important mechanism of plas- 
tic deformation, while at high temperature grain boundary sliding is an important mode 
of deformation and that the contribution from this mode to total strain increases with 
decreasing grain size. At high temperatures all the modes (intragranular dislocation slip, 
grain boundary sliding and diffusional flow) are known to be operative to varying degree 
depending on temperature and strain rate [99]. It is considered [88] that the total number 
of dislocations from grain boundary sources which facilitate sliding by reliving the stress 
concentrations developed at grain corners and other irregularities on the sliding boundary, 
will be proportional to the grain boundary area which is itself inversely proportional to 
the grain diameter. Also the diffusion distances decrease with decreasing grain size 1 and 
any contribution to flow by diffusion creep will increase with decreasing grain size. 

The drop in yield stress with the increase in temperature begins at a lower temperature 
as the grain size decreases. The samples of fine grain size exhibit lower flow stress value 
compared to the coarse grained samples [11]. Varin et al. [11] postulated that the above 
behaviour is due to the annihilation of EGBDs. As reported earlier, the fine grain size 
obtained after low temperature annealing is associated with non-equilibrium boundaries 
and higher free energy compared to the coarser grain size. Higher free energy of grain 
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boundaries assist in the spreading of EGBDs and hence they disappear at lower temper- 
atures as compared to the coarser grain size samples. Thus at high temperatures, grain 
boundaries loose their barrier effect to dislocations. Accordingly, Hall-Petch relationship 
is not applicable at high temperatures. 


2.4 Summary 

Grain size is an important microstructural parameter which controls the plastic deforma- 
tion behaviour of polycrystals. Before studying the effect of grain size on plastic flow, 
the flow stress behaviour and the strain hardening mechanism operating in the plastic 
deformation of single crystal must be understood. Four commonly well known strain 
hardening relationships were used to describe the true stress versus true strain curves of 
polycrystals. But none of them is able to reproduce the experimental true stress vs true 
strain curve in the entire strain range. 

The-grain size dependence of yield and flow stress of polycrystals at room temperature 
can be described by the well known Hall-Petch relationship. Deviation from the Hall- 
Petch behaviour has also been observed in some materials in the fine grain size region. 
The yield and flow stress may not be dependent only on the grain size but also on other 
microstructural parameters such as grain size and shape distribution, texture, and grain 
boundary structure. For the same mean grain size, samples with varying grain size dis- 
tribution would have varying volume fraction of grain boundaries. This may result ir 
a different flow stress at a given strain level. Development of texture may results in £ 
higher flow stress of coarse grain samples as compared to that of fine grained samples at ( 
constant strain, which contradicts the Hall-Petch relationship. In the grain size strength 
ening models, it had been implicitly assumed that grain boundary structure is same f 
all samples of different grain sizes. But different thermo-mechanical treatments applie 
to obtained different grain sizes may result in high energy or non-equilibrium boundarie; 
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Gram bovmdary energy state plays an important role in strengthening, which must 
be investigated. Grain boundary energy can be estimated by several ways but all the 
methods suffer from various drawbacks and therefore, it is generally not possible to obtain 
the energy distribution of grain boundaries in polycrystals. Grain boundary energy could 
simply be related to the true dihedral angle. To estimate the distribution of true dihedral 
angles a proper technique needs to be developed. 

The effect of various parameters such as strain and temperature on Hall- Fetch pa- 
rameters and flow stress is an open issue in terms of interpreting these effects. Several 
investigators have interpreted them on the basis of substructural charges during plas- 
tic deformation. Not many attempts have been made to correlate the microstructural 
changes such as grain size, grain shape, grain boundary energy 7 state, etc and Hall-Petch 
parameters at different strains and test temperatures. 

Hall-Petch relationship breaks down at high temperatures. The yield stress drop begins 
at a lower temperature with decreasing grain size and the samples of fine grain size show 
lower value of flow stress as compared to that of the samples of coarse grained. The 
validity of Hall-Petch relationship at different temperatures and strain may be better 
understood from the knowledge of the rate of generation and annihilation of EGBDs. 
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3.1 Material 

A commercially available 316L austenitic stainless steel was obtained in the form of 12.5 
mm thick plates from two different sources referred to as batch 1 and batch 2. The 
chemical composition of the material was determined using JEOL Electron probe micro- 
analyser (EPMA) Super-probe model JXA - 8600MX and listed in table 3.1. 


3.2 Sample preparation for tensile testing 

3.2.1 Cold rolling and Machining 

The procedural steps of obtaining the tensile specimens from the as received material are 
shown in figure 3.1. Pieces of approximately 31 mm length and 38 mm width (figure 3.1b' 
obtained from the as received plate (figure 3.1a) were cold rolled in successive passes t< 
approximately 1 mm thick strip (figure 3.1c). The fiat tensile specimens of dimension 




Table 3.1: Chemical composition (Wt, %) of commercially availabh' 3101. austenitic stain- 
less Steel 


Elements 

Si 

a 

Ni 

Mo 

" " 1 

l’i 

Batch 1 

0.547 

19.194 

11.003 

2.17 

0.017 

Batch 2 

0.528 

. 18.053 

13.726 

2.025 

0.029 

Elements 

Cu 

W 

A1 

C 

Fe 

Batch 1 

0.296 

0.086 

0.109 

0.002 

Bal. 

Batch 2 

0.019 

0.076 

0.036 

0.003 

Bal. 


as shown in figure 3. Id were obtained by machining the rolled strips after removing the 
cracked edges. The tensile axis of the specimens is kept parallel to the rolling direction. 


3.2.2 Heat treatment 

The heat treatment was carried out in a Kanthol furnace whose temperature was con- 
trolled within ±2 °C through an Indotherm-401 temperature controller. To obtain a wide 
range of grain sizes, small pieces of the rolled sheet were heat treated at various tempera- 
tures (from 700 °C to 1150 °C) for times varying from 15 minutes to 510 minutes followed 
by air cooling. The tensile specimens were heat treated at suitable temperatures and for 
different times to obtain specific grain sizes. 
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Figure 3.1: Schematic representation of operations to obtain tensile Specimens (all di- 
mensions are in mm) 

3.3 Optical and Scanning Electron Microscopy 

3.3.1 Specimen preparation and examination 

In order to examine the bulk microstructures, the surface layers of the samples were 
removed by chemical thinning using a hot solution of 50%HCl — 10%HNOz— 5%HsPO,i- 
2)0%H 2 O [100]. The mounted samples were prepared for metallographic observation; 
making use of standard methods of grinding and polishing. The polished metallographi 
samples were electrochemically etched in an electrolyte of 60%HNO 3 — H 2 O at 1.1 Volt 
and current density of 0.75 mA/mm? for about 20 to 60 seconds [101]. This method c 
etching does not reveal twin boundaries. The specimens were examined by Optical an 
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Scanning electron (.JEOL model ISI 60) microscopes. 


3.3.2 Quantitative Metallography 

The following quantitative metallographic measurements were carried out from various 
microstructures. Micrographs obtained from randomly selected areas of annealed and 
deformed samples were used for this purpose. 


3. 3.2.1 Grain size and distribution 

t 

Linear intercept and grain area methods are used for grain size measurements. More than 
6 fields were randomly selected from the polished and etched surface of the annealed and 
deformed samples and micrographs were obtained. The mean intercept length (I = l /A)) 
is obtained in counting the number of grain boundary intersections (iV ; ) across a random 
line and the mean grain size (d) calculated by multiplying the mean intercept length (I) 
with a factor of 1.74 [102], For some of the annealed and deformed samples, the grain 
size was also estimated from the two dimensional grain area measurements of more than 
150 randomly selected grains using an automatic image analyser (Leitz model ASM-68K). 
The average equivalent grain diameter (d eq ) is the diameter of a circular area equivalent 
to the average of measured two dimensional grain areas (1), and can be mathematically 
expressed as follows: 

(3.1) 



In order to obtain grain size distribution in annealed samples, individual intercept 
lengths of more than 500 grains were measured on the randomly oriented lines across the 
micrographs. From the calculated equivalent grain diameters, the distribution of grains 
was also estimated. Percentage relative and cumulative frequency plots were made from 
these measurements to compare the grain size distribution in samples of different average 
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grain sizes of two batches. 


3. 3. 2. 2 Grain shape factor(S/.') 

Grain shape factor (Sf) is defined by the following relation: 

4 7T ^4 

SF = -pT (3.2) 

where, A and P are the area and perimeter of an individual grain on a two dimensional 
plane section. The grain shape factor of more than 150 randomly selected grains of an- 
nealed and deformed samples were calculated from the measured grain area and perimeter 
using equation 3.2. The average of individual grain shape factors represents as the grain 
shape factor of an annealed or a deformed sample. 


3. 3. 2. 3 Grain aspect ratio 

Grain aspect ratio is calculated from the measurement of mean linear intercepts in longi- 
tudinal and transverse directions of annealed and deformed samples. These measurements 
were directly made either from the polished and etched samples using a graduated eyepiece 
in an optical microscope or from the micrographs. 


3. 3. 2. 4 Dihedral angles 

The plane dihedral angles (i.e., angle between grain boundary lines at a triple point on 
two dimensional plane polished section) measurements of all the three angles at a triple 
point were made from the traced micrographs of annealed and deformed samples. Grair 
boundary lines at a triple point were traced from the micrographs. More than 100 tripb 
points were randomly selected and angles between grain boundary lines were measured 
The distribution of true dihedral angles (i.e., angle between grain boundary planes meetin; 
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at a grain edge in 3 dimensions) was estimated from these measured di.it rilmt ion of piano 
dihedral angles using a technique developed in Chapter 4. From the estimated true 
dihedral angle distributions, standard deviation of true dihedral angles was ealeulated. 


3.4 Tensile testing 

3.4.1 At room temperature 

Tensile tests at room temperature were carried out on an Instron machine (model 1195) 
at a strain rate of 4.6 x 10~ 4 s _1 . From the recorded load-elongation curves, the true 
stress versus true strain data were calculated and results plotted. The specimens were 
only tested up to the maximum load in the tensile test. In order to check reproducibility 
of tensile data, duplicate tests were carried out on samples of each grain size. Three 
different grain sizes (4.0/xm, 5.9/xm and 29.0/im) were selected from batch 2. Tensile tests 
were performed on these samples up to different strain levels (5 %, 10 % and 20 %) to 
examine the microstructural changes during deformation. 


3.4.2 At elevated temperatures 

A Kanthol wire wound vertical tube furnace whose temperature was controlled to within 
±2°C, was used for elevated temperature tensile testing. The specimens were tested in 
tension in the temperature range of 200 °C to 800 °C. After attaining the required test 
temperature, the specimen was held there for 10 minutes and then tested at a constant 
cross head speed of 0.5 mm/min (e = 4.6 x 10~ 4 s _1 ) up to the maximum load for the test 
temperatures below 600 °C. The tests were continued up to fracture for test temperatures 
above 600 °C. From the recorded load-elongation curves, true stress-true strain data were 
calculated and plotted. Some specimens were also tested on a MTS machine (model 
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810 12). For quantitative mctallographic measurements and rnierostructural observations 
at different strain levels, tensile tests wore also conducted at 400 °C and 800 °C on sample's 
of three different grain sizes. 


3.5 Hardness measurements 

Vickers pyramid hardness tester was used for the hardness measurements of the annealed 
and deformed samples. The indentations were made using a 10 Kg load. An average of 
four measurements was used for this purpose. Microhardness measurements were carried 
out across the grains of annealed and deformed samples. A LEITZ MINILOAD 2 micro- 
hardness tester was used for this purpose. An average of five impressions was taken in 
this regard. 




Chapter 4 


Results 


As mentioned in chapter 3, the commercially available 316 L austenitic stainless steel 
was obtained in the form of 12.5 mm thick plates from two different sources, termed as 
batch 1 and batch 2 respectively. These plates were cold rolled to approximately 1 mm 
thickness (92 % reduction) in more than 25 successive passes. To achieve a wide range 
of grain sizes, the cold rolled samples were annealed at different temperatures and times. 
The annealed samples were tested in tension at different temperatures between room 
temperature and 800 °C. The microstructural characterisations of annealed and deformed 
samples were performed in order to correlate the microstructural changes with plastic 
deformation. Accordingly, this chapter is broadly divided into four sections. The first 
three deal with the microstructural characterisation of annealed samples, and deformation 
behaviour at room and elevated temperatures respectively. A statistical technique based 
on the principles of stereology [103, 104] to estimate the distribution of true dihedral 
angle, TDA (angle between the grain boundary planes meeting at a common edge, knowr 
as triple edge) is developed in section 4.4. This technique is further used in chapter l 
to calculate the distribution of true dihedral angles for different annealed and deformet 
samples of 316L austenitic stainless steels. 
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4.1 Characterisation of initial microstructures 


The mean grain size, the distribution of size and shape of the grains, plane dihedral angle 
(PDA) distribution i.e., the angle between the grain boundary segments meeting at. triple 
points on plane of polish, were evaluated. For the starting miorostruetures the hardness 
variation with annealing time at various annealing temperatures is shown in figure 4.1. 
Figure 4.2 shows the hardness variation with annealing temperature for various annealing 
times. 

The variation of the average grain size (d) with annealing temperature anti time tire 
presented in figures 4.3 and 4.4 respectively. The grain size increases with increasing 
annealing time for a given annealing temperature. From figure 4.3, it is seen that the 
grain growth rate increases with annealing temperature. At a given annealing time, the 
grain size increases slowly with temperature in the range 800 °C to 900 °C (figure 4.1). 
However, above 900 °C, grain size increases at a higher rate. 90% confidence limits of the 
average grain size are shown as vertical bars in figures 4.3 and 4.4. For a wide range of heat 
treatment conditions, the measured values of hardness and the grain size are presented in 
table Al of appendix A. 

The deformation behaviour of samples of eight different gram sizes (2.7-64.0 /an) from 
batch 1 and seven (2.9-46.0 /an) from batch 2 were investigated. The microstructures of 
fine and coarse grained specimens of batch 1 and batch 2 are shown in figures 4.5 and 
4.6 respectively. The grain size measured by two methods (linear intercept and the grain 
area) is shown in table 4.1. The other microstructural parameters such as grain shape 
factor (S F ), the coefficient of variation (, SD/d ) of the grain size, the standard deviation of 
PDA distribution (fi SD ) and the relative frequency of 120°(115° - 125°) class of measured 
PDA distribution (A 20 ) of some of the tensile samples are also included in table 4.1. 
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Figure 4.1: Vickers hardness vs annealing time for various annealing temperatures in 
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Figure 4.2: Vickers hardness vs annealing temperature for various annealing times ii 
batch 1. 
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Figure 4.3: Mean grain size vs annealing time at various annealing temperatures in 
batch 1. 
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Figure 4.4: Mean grain size vs annealing temperature at various annealing times in 
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(a) 10 Jim (b) 100 Jim 

Figure 4.5: Microstructures of annealed samples of batch 1 with grain sizes: (a) 4.5 urn 
and (b) 26.5 jxm. 
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Figure 4.6: Microstructures of annealed samples of batch 2 with grain sizes: (a) 4.0 fj.m 
and (b) 29.0 \xm. 
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For the purpose of comparing the size distribution of the grains in annealed samples, the 
frequency distributions wore normalised with respect to the* mean grain size’. Figures 4.7a- 
b and 4.8a-b show the normalised, the relative and the cumulative frequency distributions 
for different samples. The relative frequency distributions (figures 4.7a and 4.8a) show 
positive skew from the normal distribution. There is no significant difference in the 
relative and the cumulative frequency distributions of different samples of same bat, eh as 
illustrated in figures 4.7a-b and 4.8a-b. Figures 4.9a-b show the normalised, relative ami 
cumulative frequency distributions for the satnples of two batches. It can bo seen from 
figures 4.9a-b that the relative and the cumulative frequencies of two batches also overlap. 
The same trend of the grain size distribution is also observed by using the individual linear 
intercept measurements of different samples of both the batches. 

Variation of other microstructural parameters: (i) standard deviation of PDA distri- 
bution {Psd), (ii) relative frequency of 120°(115° - 125°) class of PDA distribution (/? 120 ), 
(iii) grain shape factor (S>) and (iv) coefficient of variation of grain size (C v ) ms a function 
of mean grain size are shown in figures 4.10a-d. No significant difference is observed in the 
grain shape factor (, S F ) and coefficient of variation (C v ) with grain size of the two batches 
as shown in figures 4.10c and d respectively. However, below 6 pm grain size, the standard 
deviation of PDA distribution increases and the relative frequency of 120° class of PDA 
distribution decreases with decrease in the grain size (see figures 4.10a and b). On the 
other hand, above 6 /mi grain size, these parameters do not change significantly with the 
increase in the grain size. Figures 4.11a-d show the distribution of the relative frequency 
of PDA for fine and coarse grain sizes of two batches. The PDAs are distributed from 
55° to 180° in both the fine and the coarse grain sizes. However, the relative frequencies 
of 120 and adjacent class are higher in the coarse grain size compared to that in the fine 
grain size as shown in figures 4.11a-d. 
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Figure 4.7: Variation of (a) relative frequency and (b) cumulative fi 
malised equivalent grain diameter! for batch 1. 
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Figure 4.9: Comparison of (a) relative frequency and (b) cumulative frequency with nor- 
malised equivalent grain diameter (=^-). 
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Figure 4.10: Variation of metallographic parameters: (a) standard deviation of PDA 
distribution (p SD ), (b) relative frequency of 115° - 125° class of PDA distribution (^ 120 ), 
(c) grain shape factor (S F ) and (d) coefficient of variation of grain size (C v ) with mean 
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Figure 4.11: Distribution of PDAs in the annealed samples of (a) batch 1 (d=3.9//m) 
(b) batch 1 (d=26.5/nm), (c) batch 2 (d=4.0/un) and (d) batch 2 (d=29.0 / j , m). 
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4.2 Deformation at room temperature 


True stress versus true strain curves for samples of various grain sizes are shown in figures 
4.12 and 4.13. At a given strain level, the true stress increases with decrease in the' 
grain size. The samples of both the batches with fine grain size show sharp yield point 
behaviour. For a given grain size, the samples of batch 1 show higher stress as compared 
to samples of batch 2 over the entire range of strain, as shown in figure 4.14. The tensile 
properties of samples with different grain sizes are presented in table 4.2. In general, the 
yield and the ultimate tensile strength decrease while the uniform elongation increases 
with increase in the grain size for samples of both the batches. 

From the a - e curves of batch 1 (figure 4.12) and batch 2 (figure 4.13), the Hall-Pet, ch 
plots were made as shown in figures 4.15 and 4.16 respectively at various strain levels. 
The Hall -Petch plots for samples of batch 1 show two distinctly different linear regimes 
at all strain levels (see figure 4.15). One linear region is in the fine grain size range 4 (d 
< 6 fj.m) and the other in the coarse grain size range (d > 6 n rn). The bi-linearitv in 
Hall-Petch behaviour can be described by two separate types of equations 2.18. However, 
single linear Hall-Petch plots were observed at all strains for the case of batch 2. as shown 
in figure 4.16. For a given strain, the data for each region of batch 1 are fitted by linear 
regression method. The values of Hall-Petch constants cr 0 (e) and K(c) were estimated 
from the intercept and slope of the regression line. The values of Hall-Petch parameters 
and coefficient of regression at various strains for the fine and the coarse grain regimes of 
batch 1 and for the entire grain regime of batch 2 are listed in table 4.3. 


4.2.1 Hall-Petch behaviour 


For batch 1 at all strain levels, a 0 (e) in the fine grain regime is less than that of coarse 
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Table 4.2: Room temperature tensile properties of samples with various gram sizes. 


Batch 

d* 

Yield 

UTS 

Uniform 


(inn) 

strength (MPa) 

(MPa) 

elongation(%) 

1 

2.7 ± 0.06 

763.1 

1178.5 

26.0 

2 

2.9 ± 0.04 

490.3 

1061.7 

34.9 

1 

3.9 ± 0.10 

590.1 

1083 1 

30.8 

2 

4.0 ± 0.06 

436.2 

1033.9 

39.7 

1 

4.5 ± 0.30 

518.3 

1100.1 

32.1 

2 

5.9 ± 0.29 

381.2 

990.5 

39.9 

1 

6.0 ± 0.26 

406.6 

1000.5 

33.5 

1 

9.0 ± .37 

376.9 

960.8 

35 9 

2 

9.0 ± 0.35 

332.5 

983.9 

■Em 

2 


289.2 

946.6 

47.6 

1 

18.3 ± 0.67 

322.5 

943.4 

40.8 

1 

26.5 ± 0.80 

299.1 

938.9 

51.2 

2 

29.0 ± 1.17 

272.3 

969.7 

52.0 

2 


231.4 

865.1 

50.7 

1 

64.0 ± 2.09 

222.8 




* by intercept method 


grain regime. On the other hand, the value of K(e) at a given strain in the fine grain 
regime is higher than that of coarse grain regime (see table 4.3). Further, it is of interest 
to note that cr 0 (e) in the fine grain regime is negative at lower strain levels (up to 15 
%). Alternatively the true stress data for the fine grain regime are plotted against d~ l 
according to the composite model (see equation 2.34). Linear regression lines were fitted 
at different strain levels as shown in figures 4.17. The intercept (cro(e)} and slope { K(e)} 
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Figure 4.16: Hall-Petch plots at different strain levels (batch 2). 

of these lines at different strain levels are listed in table 4.3. It may be noted that in those 
plots, <J 0 (e) is positive at all strain levels. The correlation coefficients of the regression 
lines of Hall-Petch plots and cr 0 (e) versus d _1 plots are also listed in table 4.3. The 
correlation coefficients of these two types of plots in the fine grain region of batch 1 are 
comparable to each other. The goodness of fit using correlation coefficient for different 
power of d as presented in table 4.4, depict that the Hall-Petch model is applicable in the 
coarse grain regime while the composite model is most suited in the fine grain regime of 
batch 1. Figure 4.18 shows Hall-Petch plots at several strain levels for the samples of the 
two batches. The stress value is higher for batch 1 than batch 2 at a given strain level, in 
the entire range of grain size studied. However, this difference is more significant in the 
fine grain regime as illustrated in figure 4.18. 
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The variation of Hall-Potch parameters for coarse grain regime of hatch 1 and the entire 

grain regime of batch 2 are presented in figure 4.19. In both the hatches, e?„(c) increases 

parabolically with strain as shown in figure 4.19a. Figure 4.19b shows an initial decrease 

(up to 2 % in batch 1 and 5% in batch 2) in A'(e) followed by an increase with strain 

* 

in both the batches. The values of cjo(e) and K(e) of batch 1 are higher than those of 
batch 2, at all strains. The variation of oo(e) and K(c) (calculated from the a versus 
d~ x plots at various strains) with strain for the fine grain regime of batch 1 tire shown in 
figure 4.20. In this case <7o(e) is more or less unaffected up to 2 % strain followed by a 
parabolic increase with strain as shown in figure 4.20a. The variation of K{e) with strain 
as depicted in figure 4.20b illustrates an initial increase up to 5 % strain followed by a 
decrease with increasing strain. 

4.2.2 Microstructural characterisation of deformed samples 

Three different grain sizes from batch 2 were selected for studying the microstructural 
changes during deformation. These belong to the fine (4.0 gm), the intermediate (5.9 
fxm) and the coarse grain (29.0 jum) regimes. The microstructures of batch 1 at different 
strain levels could not be characterised because of scarcity of the material. Figures 4.21a-c 
show the micrographs of samples deformed to different different strain levels (5 %, 10 % 
and 20 %). The elongation of the grains in the tensile direction can be noted from figures 
4.21a-c. Plots of the standard deviation of PDA distribution (/ 3sd)i the relative frequency 
of 120°(115° — 125°) class of PDA distribution (P 120 ), the grain aspect ratio (|^), the grain 
shape factor (Sf) and the coefficient of variation of grain size (O v ) versus strain are shown 
in figures 4.22a-e for 29.0 fim grain size samples of batch 2. Further, the microstructural 
parameters at different strain levels for different grain sizes are listed in table 4.5. 



K(e), (MPapm 1 / 2 ) 


4.2 Deformation at room temperature 


69 



Figure 4.19: Variation of H-P parameters: (a) <r 0 (e) and (b)FsT(e) with strain in the coarse 
grain regime of batch 1. 











Table 4.3: Values of cr 0 (f) and K(e) at different strain levels. 
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Table 4.4: Goodness of fit using correlation coefficient for different values of n in the 
relation. <x(f) = < 7 0 (r) + I<d~ n , at room temperature. 


%€ 

region 

Correlation coefficient (CC) for different values of n 



0.2 

0.4 

0.5 

0.6 

0.8 

1.0 1 

1.2 

0.2 

coarse 

.994 

.995 

.995 

.994 

.989 

.970 

.894 


fine 

1 000 

1.000 

1.000 

1.000 

1.000 

.999 

.989 

5 

coarse 

.976 

.978 

.978 

.976 

.969 

.943 

.863 


fine 

.994 

.994 

.994 

.994 

.996 

.998 

.999 

10 

coarse 

.969 

.972 

.972 

.969 

.960 

.932 

.845 


fine 

.997 

997 

.997 

.997 

.998 

.999 

.995 : 

.845 !! 

,1 

20 

coarse 

.968 

.971 

.971 

.968 

.959 

.931 


fine 

.995 

.995 

.995 

.995 

.995 

.993 

.981 i 


The standard deviation of PDA distribution, the grain aspect ratio and the coefficient 
of variation of the gram size increase with strain as shown in figures 4.22a. c and e. On 
the other hand, the relative frequency of ideal 120° class of PDA distribution and the 
grain shape factor decrease with increasing strain (see figures 4.22b and d). The PDA 
distribution at different strain levels for the fine and the coarse grain sizes are shown in 
figures 4.23 and 4.24 respectively. In both cases the relative frequency distribution of 
PDA flattens out with increasing strain. The grain size (grain area) measured at different 
strain levels also included in table 4.5. 



Figure 4.21: Microstructures of the samples (d = 29.0 fj,m) deformed at room temperature 
up to the strains of (a) 5 %, (c) 10 % and (d) 20 %. 
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% Strain 


Figure 4.22: Variation of metallographic parameters: (a) standard deviation of PDA 
distribution (0s d), (b) relative frequency of 115° - 125° degree class of PDA distribution 
(0i2o), (c) grain aspect ratio ( AR ), (d) grain shape factor (Sf) and (e) coefficient of 
variation of grain size (C v ) with strain. 
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Figure 4.23: PDA distribution in the fine grain size (d = 4.0/im) at strains: (a) 0 %, 
(b) 5 %, (c) 10 % and (d) 20 %. 
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Figure 4.24: PDA distribution in the coarse grain size (d = 29.0/mi) at strains: (a) 0 %, 
(b) 5 %, (c) 10 % and (d) 20 %. 
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Table 4.5: Microstructural parameters at various strain levels for the samples of different 
grain sizes (batch 2). 


d (pm)l 

%£ 

d, q (/nn)* 

Cv 

' AR 

Sf 

Psd (degree) 

012Q 

4.0 ± 0.06 

0 

4.1 ± 0.30 

0.38 

- 

0.93 ± 0.02 

18.0 

0.26 


5 

3.9 ± 0.27 

0.42 

- 

0.89 ± 0.03 

14.4 

0.26 


10 

'3.4 ± 0.19 

0.34 

- 

0.89 ± 0.03 

15.8 

0.24 


20 

3.4 ± 0.19 

0.34 

, 

0.88 ± 0.01 

16.0 

0.24 

5.9 ± 0.29 

0 

5.7 ± 0.33 

0.41 

- 


14.6 

0.31 


5 

5.3 ± 0.22 

0.40 



17.8 

0.23 


10 

5.6 ± 0.25 

0.42 

- 

0.88 ± 0.01 

17.2 

0 23 


20 

5.8 ± 0.27 

0.43 

- 

0.86 ± 0.01 

16.6 

0.20 

29.0 ± 1.17 

0 

27.4 ± 1.15 

0.37 

1.01± 0.07 

0.91 ± 0.01 

17.3 

0.29 


5 

22.9 ± 0.99 

0.42 

1.11 ± 0.07 

0.88 ± 0.02 

15.7 

0.25 


10 

22.3 ± 0.91 

' 0.44 

1.19 ± 0.08 

0.88 ± 0.02 

16.6 

0.24 


20 

21.0 ± 1.00 

0.51 

1.30 ± 0.08 

0.87 dt 0.02 

16.9 

0.18 


f by intercept method 
* by grain area method 


4.2.3 Microhardness variation in deformed samples 

The microhardness measurements were performed across the selected grains after tensil 
testing to various strain levels. These measurements were done for two different grab 
sizes (18.3 and 26.4 \x. m) of batch 1 and one coarse grain size (29.0 fj,m) of batch 2 and th 
results are presented in figures 4.25a-c. As minimum size of indentation by microhardne: 
tester in this material was 5-6 \i m, the hardness variation across the grains in the fir 
grain regime (d < 6 n) could not be evaluated. In the annealed samples, there is r 
significant difference in microhardness between the grain boundary region and the cent 
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of grains. However in the deformed specimens, difference between the hardness at the 
grain boundaries and the grain interior is quite significant as seen in figures 4.25a-c. The 
average microhardness increases with increasing strain for the samples of various giain 
sizes, as shown in figure 4.26. It may be also noted from figure 4.26 that the average 
microhardness decreases with increasing grain size at all strain levels for samples of both 
the batches. Table 4.6 shows the microhardness of samples of both batches at different, 
strain levels. 


4.3 Elevated temperature deformation behaviour 


The samples of batch 1 were tested in tension at four different temperatures ( 200 °C, 
400 °C, 600 °C and 800 °C), whereas the samples of batch 2 were tested at 400 °C and 
800 °C only. The true stress versus true strain curves are shown in figures 4.27 and 4 28. 
In the intermediate temperature range (200 °C to 600 °C) the samples of both the batches 

Table 4.6: Average microhardness values for the samples of different grain sizes at several 
strain levels, deformed at room temperature. 


Strain 

Microhardness (VHN) of 

(%) 

Batch 1 

Batch 2 


d=18.3 (gm) 

d=26.5 (/cm) 

d=4.0 (fJ.ni) 

d=5.9 (gm) 

d=29.0 (gm) 

0 



194.3 ± 7.5 

179.9 ± 3.2 

151.4 ± 12.4 

5 

- 

- 

225.7 ± 8.7 

212.5 ± 8.7 

190.5 ± 6.3 

10 

- 

- 

248.4 ± 3.7 

237.3 ± 17.9 

212.5 ± 5.4 

15 

295.8 ± 7.7 

262.9 ± 13.3 


- 

- 

20 

- 

- 

272.6 ± 4.3 

266.0 ± 11.2 

255.5 ± 8.5 


314.7 ± 29.1 

294.4 ± 12.5 

- 

- 

» 

40 

377.8 ± 46.5 

320.1 ± 30.1 

- 

- 
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Figure 4.25: Microhardness variation at different strain levels across grains of sizes 
(a) 18.3 fj,m (batch 1), (b) 26.4 jum (batch 1) and (c) 29 jum (batch 2). 
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True strain(plastic) 

Figure 4.26: Variation of average microhardness with strain, deformed at room tempera- 
ture. 

exhibit jerky flow. Moreover, the jerkiness increases with temperature and grain size 
in this temperature range. The true stress increases with increasing strain for all the 
grain sizes of two batches up to the test temperature of 600 °C. On the other hand, at 
800 °C, the strain hardening in the lower strain range (depending on the grain size) and 
subsequently the strain softening can be noted from figures 4.27d and 4.28b. Up to the 
test temperature of 600 C and at a constant strain level, the true sti'oss increases with 
decrease in the grain size. In general with a few exceptions, the flow stress of samples of 
batch 1 at 800 °C also increases with decreasing grain size at a given strain (figure 4.27d). 

However in samples of batch 2, the flow stress generally decreases with decreasing grain 
size at 800 °C (figure 4.28b). 

Figures 4.29a and b show the comparison of flow stress between the samples of coarse 
and fine grain sizes of two batches at 400 °C and 800 °C respectively. At a given strain, 
grain size and temperature, the sample of batch 1 shows higher flow stress than batch 2. 
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However, the difference in flow -stress between the two batches is not so pronounced m 
the coarse grain regime as compared to that in the fine grain regime of two batches at 
400 "C (figure 4.29a). 

On the other hand, at 800 °C, the flow stress difference at a given strain between the 
coarse grain regime of two batches is significant as seen in figure 4.29b. It may also be 
noted from figure 4.29b that in the lower strain range the flow stress of the fine grain 
sample is higher than the coarse grain sample of batch 1 and the opposite trend is in 
batch 2. At higher strains, the flow stress of coarse grained sample is higher than the fine 
grained one in batch I and the opposite trend is in batch 2. The deformation behaviour 
at a given grain size for different temperatures is compared in figures 4.30 and 4.31 for 
batches 1 and 2, respectively. The flow stress at a given strain decreases with increase 
in temperature in both the fine and the coarse grained samples of two batches. These 
figures also illustrate that the % elongation decreases with increase in temperature up to 
600 °C and thereafter it increases with increase in temperature. 

The temperature dependence of flow stress normalised with respect to modulus of 
elasticity (E) 1 is shown in figures 4.32a-c for samples of different grain sizes at various 
strain levels. In the entire range of strain, the fine grain size samples show three stage 
behaviour with temperature. In the first stage, cr/E decreases with increasing temperature 
up to 400 °C. This is followed by a small increase in flow stress with temperature up to 
600 °C and denoted as the second stage. In the third stage, cr/E decreases with increasing 
temperature as shown in figure_4.32a. On the other hand, in the coarse grain size range, 
the third stage is not observed at lower strains (below 2 %) and with increasing strain the 
third stage becomes prominent (figures 4.32b-c). The tensile properties of samples with 
different grain sizes at various temperatures are listed in table 4.7. At a given temperature 

1 The linear relation between the modulus of elasticity (E) and temperature obtained for 316L 
austenitic stainless steel from the data of Garafalo [105] as: 

E>t = 203 - 0.086T 


where E T is in GPa and T is in °C. 
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Figure 4.28: True stress-true strain curves for various grain sizes of batch 2 at tempera- 
tures: (a) 400 °C and (b) 800 °C. 
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Figure 4.30: True stress-true strain curves at different temperatures (batch 1) for grain 
sizes: (a) 4.5 jim and (b) 26.4/im. 
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Figure 4.32: Normalised flow stress ( a/E ) vs temperature (batch 1) at strains: (a) 0.2 % 
(b) 2 %, (c) 10 % and (d) 20 %. 
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(in the range of 200°C to 600 °C), the yield and the ultimate tensile strength increase 
while the % elongation decreases with the decrease in grain size. Table 4.7 shows that at 
800 °C there is no systematic trend in the above parameters with the variation in the grain 
size. However, in general with increasing temperature the yield and the ultimate! tensile 
strength decrease for a given grain size. On the other hand, the % elongation for a given 
grain size decreases up to 600 °C followed by an increase with increasing temperature. 

4.3.1 Hall-Pet ch behaviour 

The Hall-Petch plots at different temperatures were derived from the true stress-true 
strain curves (figures 4.27a-d and 4.28a-b) and are shown in figure 4.33 for batch 1 and 
in figure 4.34 for batch 2. At all strains, the batch 1 samples show two distinctly different 
linear Hall- Petch regimes, one in the fine grain (d < 6 pm) and other in the coarse grain 
regimes (d > 6 pm) over the temperature range of 200 °C to 600 °C as shown, in figures 
4.33a-c. At 800 °C, there is more scatter in the data and a single linear regression line is 
a characteristics of Hall-Petch regime at a given strain in the entire range of grain sizes 
studied (figure 4.33d). At elevated temperatures, the samples of batch 2 also show a 
single Hall-Petch regime at all strains similar to that observed at room temperature. On 
the other hand, at 800 °C the flow stress decreases with decrease in the grain size at all 
strains in batch 2 as shown in figure 4.34b. 

The Hall-Petch parameters <7 0 (e) and K(e) at different strain levels and temperatures 
are listed in table 4.8. At a given temperature and strain, a 0 (e) is much lower in the 
fine grain regime as compared to the coarse grain regime of batch 1. On the other hand, 
K(e) is much higher in the fine than the coarse grain region at a given strain. At elevated 
temperatures (below 600 °C) also, cto(o) in the fine grain regime is negative at strains below 
15 to 25 % (depending on temperature). Since negative values of <5"o(e) do not have any 
physical significance, the flow stress data in the fine grain regime are plotted as a function 
of d- 1 as shown in figures 4.35a-c. The cr versus d~ l plots yield positive intercept and 
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comparable correlation coefficient (CC) with the Hall-Petch regression lines. The cr 0 (c), 
A'(0 and corresponding correlation coefficients at different strains and temperatures are 
also included m table 4.8. I he goodness of fit using correlation coefficient for different 
powers of d at different temperatures are presented in table 4.9. This table shows that 
the Hall-Petch model is applicable in the coarse grain regime while the composite model 
is most suited in the fine grain regime of batch 1 at temperatures of 200 °C, 400 °C and 
000 °C. 

Figures 4.36a and b show the comparison of Hall-Petch plots at different strain levels of 
two batches at 400 °C and 800 °C respectively. At 400 °C, the regression lines at different 
strains of two batches overlap in the coarse grain regime. However, at a given strain a 
significant difference is observed in the flow stress between the two batches in the fine 
grain regime (figure 4.36a). Figure 4.36b at 800 °C shows distinctly different Hall-Petch 
behaviour between the two batches. In batch 1 , K(e) at a given strain is positive while in 
batch 2 it is negative. Since negative K(e.) has no physical significance, Hall-Petch relation 
is not valid in batch 2 at 800 °C. The variation of cr 0 (e) and K(e) with strain at various 
test temperatures for the coarse grain regime of batch 1 and for the entire grain regime 
of batch 2 are shown in figures 4.37a and b respectively. cr 0 (e) increases with strain at all 
temperatures and it decreases with increase in temperature at a constant strain level as 
shown in figure 4.37a. However, at lower strain range (e < 5 %), a 0 (e) has higher value at 
800 °C compared to those at 400 °C and 600 °C. Therefore the cr 0 (e) versus strain plots at 
800 °C and in the lower strain range are shown as dotted lines in figure 4.37a. At the same 
temperature ao(e) is higher in batch 1 as compared to batch 2 at all strains (figure 4.37a). 
It can also be noted from figure 4.37a that below 20 % strain level, 0o(e) in batch 1 at a 
given strain even at 600 °C is higher than batch 2 at 400 °C. 

As discussed in section 4.2.1, at room temperature K(e) decreases initially up to 2 
% strain followed by an increase with strain. However, at temperatures in the range of 
200 °C to 400 °C, K(e) remains more or less constant at lower strains (less than 2 %). 
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Table 4.7: Tensile properties of the samples with different grain sizes. 


Temperature 

(°C) 

Batch 

d* 

Om) 

Yield 

strength (MPa) 

UTS 

(MPa) 

Uniform 

elongation (%) 

200 

1 

2.7 ± 0.06 

636.3 

885.4 

13.3 | 

200 

MB 


438.8 

792.9 

21.2 1 

200 

i 

4.5 ± 0.30 

407.4 

773.1 

25.0 1 

200 

i 

6.0 ± 0.26 

289.1 

657.9 

26.5 1 

200 

i 

9.0 ± 0.37 

227.4 

675.0 

MjaHKII 

200 

i 

18. 3± 0.67 

213.1 

627.6 

27.9 

200 

i 

26. 5± 0.80 

173.6 

626.5 

31.7 

200 

i 

64.0± 2.09 

168.2 

580.4 

28.9 

400 

mm 


511.1 

732.2 

13.9 

400 

2 

2.9 ± 0.04 

354.6 

694.0 

22.6 ' 

400 

1 

3.9 ± 0.10 

405.5 

722.8 

20.5 

400 

2 

4.0 ± 0.06 

269.7 


26.9 

400 

1 

4.5 ± 0.30 

305.5 

752.3 

25.4 

400 

2 

5.9 ± 0.29 

249.2 

605.0 

21.4 

400 

1 

6.0 ± 0.26 

238.8 

662.8 

31.2 

400 

1 

9.0 ± 0.37 

226.6 

709.2 

34.9 

400 

2 



690.5 

35.8 

400 

2 

15. 0± 0.74 

163.3 

652.6 

37.4 

400 

1 

18.3± 0.67 

185.1 

651.3 

31.9 

400 

1 

26. 5± 0.80 

165.6 

635.4 

■■m 

400 

2 

29. 0± 1.17 

139.3 

627.5 

35.4 

400 

1 

64.0± 2.09 

129.2 

545.4 

29.8 


...continued 


* by intercept method 
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Table 4.7 (continued) 


Temperature 

Batch 

f /* 

Yield 

UTS 

Uniform 

(°c?) 


(/mi) 

strength (MPa) 

(MPa) 

elongation(%) 




477.0 

636.4 

12.0 

600 

1 


375.6 

573.0 

16.1 

600 

1 

4.5 ± 0.30 

314.1 

617.0 

21.9 

600 

1 

6.0 ± 0.26 

237.3 

588.5 

33.3 

600 

1 

9.0 ± 0.37 

168.8 

590.0 

36.0 

600 

1 

18. 3± 0.67 

147.1 

510.6 

28.5 

600 

1 

26.5± 0.80 

139.6 

487.1 

26.5 

600 

1 

64. 0± 2.09 

130.2 

503.5 

32.7 

800 

1 

2.7 ± 0.06 

163.3 

221.2 

98.9 

800 



43.2 

119.1 

83.9 

■■ 

1 

3.9 ± 0.10 

123.0 

218.5 

58.8 


2 

4.0 ± 0.06 

37.1 

124.7 

74.0 


1 

4.5 ± 0.30 

183.7 

195.4 

62.3 

800 

2 

5.9 db 0.29 

64.2 

104 0 

78.3 

800 

1 

6.0 ± 0.26 

125.8 

170.2 

83.8 

800 

1 

9.0 ± 0.37 

170.5 


38.5 


2 

9.0 ± 0.35 

105.2 

148.2 

79.5 

800 

1 

18. 3± 0.67 

139.1 

230.0 

46.7 

. 800 

1 

26. 5± 0.80 

125.2 

230.4 

45.3 

800 



82.3 


69.1 



64. 0± 2.09 

112.4 

203.3 

42.0 


* by intercept method 
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Table 4.9: Goodness of fit using correlation coefficient for different, values of n in relation. 
cr( € ) = cr 0 (e) + Kd~ n at various temperature. 


Temprature 

%e 

region 

Correlation coefficient (CC) for different 

mine of n 

(°C) 



0.2 

0.4 

0.5 

0.6 

0.8 

1.0 

1.2 

200 

0.2 

coarse 

.958 

.956 

.956 

.958 

.962 

.966 

.948 



fine 

.999 

.999 

.999 

.999 

.999 

.997 

.986 


5 

coarse 

.967 

.965 

.965 

.967 

.971 

.973 

.941 



fine 

.997 

.997 

.997 

.997 

.998 

.999 

.996 


10 

coarse 

.972 

.971 

.971 

.972 

.975 

.976 

.937 



fine 

.999 

.999 

.999 

.999 

1.000 

1.000 

.992 


20 

coarse 

.978 

.977 

.977 

.978 

.980 

.976 

.925 



fine 

.998 

.998 

.998 

.998 

.998 

.997 

.991 

400 

0.2 

coarse 

.989 

.989 

.989 

.989 

.987 

.973 

.903 



fine 

.999 

.999 

.999 

.999 

.999 

.997 

.986 


5 

coarse 

.961 

'.964 

.964 

.962 

.954 

.930 

.857 



fine 

.986 

.986 

.986 

.986 

.986 

.984 

.974 


10 

coarse 

.974 

.977 

.977 

.975 

.966 

.938 

.850 



fine 

.970 

.971 

.971 

.971 

.969 

.965 

.947 


20 

coarse 

.965 

.969 

.969 

.966 

.955 

.919 

.811 



fine 

.823 

.824 

.824 

.823 

.819 

.809 

.779 

600 

0.2 

coarse 

.925 

.921 

.921 

.924 

.934 

.955 

.976 



fine 

.997 

.997 

.997 

.997 

.998 

.999 

.994 


5 

coarse 

.990 

.988 

.988 

.989 

.992 

.992 

.959 



fine 

.999 

.999 

.999 

.999 

.999 

.998 

.987 


10 

coarse 

.991 

.991 

.991 

.991 

.991 

.983 

.937 



fine 

.990 

.991 

.991 

.990 

.988 

.982 

.959 


20 

coarse 

.998 

.999 

.999 

.998 

1 .996 

.982 

.919 
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FLOW STRESS (MPa) 



Figure 4.33: Hall-Petch plots at different strain levels (batch 1) fo 
200 °C, (b) 400 °C, (c) 600 °C and (d) 800 °C. 


oxi*> 














4.3 Elevated temperature deformation behaviour 


101 


d ( n m) 



Figure 4.35: Tensile flow stress vs d~ l for fine grain size of batch 1 at temperatures: (a) 
200 °C, (b) 400 °C and (c) 600 °C. 

K{ e) increases in the intermediate strain range (2 to 10 %) followed by decrease with 
increasing strain. It can also be seen from figure 4.37b that at temperatures above 600 °C, 
K(e) decreases with increase in strain. K(e) at 800 °C is much lower than that observed 
at lower temperatures. The variation of <To(e) and K(e) in the fine grain regime of batch 1 
(intercept and slope of a versus d~ l plots) with strain at various temperatures are shown 
in figures 4.38a-b. cr 0 (e) at 200 °C and 400 °C increases parabolically with increasing 
strain as seen from figure 4.38a. At 600 °C, <7o(e) shows almost no change below 2 % 
strain followed by a parabolic increase with increasing strain as that observed at room 
temperature. At a given strain, <7o(e) decreases with increasing temperature (figure 4.38a). 
Similar to room temperature, at 200 °C, K(e) increases below 5 % followed by decrease 
with increasing strain as depicted in figure 4.38b. It may also be noted from figure 4.38b 
that K(e) decreases with increasing strain at higher temperatures (400 °C and 600 °C). 




FLOW STRESS (MPa) FLOW STRESS (MPa) 


Batch 1 
Batch 2 



d CM- m) 

lOOO 25.0 11.1 63 



Figure 4.36: Comparison of H-P plots of batch 1 and batch 2 at different strain levels for 
temperatures: (a) 400 °C and (b) 800 °C. 
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Figure 4.37: Variation of (a) cr 0 (e) and (b) K(e), with strain at different temperatures in 
the coarse grain size region. The numbers in the brackets indicate the batch number. 
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Figure 4.38: Variation of (a) cr 0 (e) and (b) K(e), with strain at different temperatures in 
the fine grain region of batch 1. 
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The variation of and A(f) for coarse and fine grain region of batch 1 with tem- 
perature at various strains are shown respectively in figures 4.39 and 4.40. In the coarse 
grain regime, the variation of <7o(f) with temperature at lower strains (below 10 %) shows 
only two stage behaviour i.e., decrease in <7o(e) in the first stage at lower temperatures 
and almost no change in second stage at higher temperatures. However at higher strains 
the third stage i.e., sharp drop in ao(e ) with temperature is also prominent as shown in 
figure 4.39a. On the other hand, I\(e) versus temperature plots at lower strains (less than 
2 %) and higher strains (above 20 %) show three stage behaviour while at intermediate 
strains the first stage is not so prominent. Figure 4.39b shows that at all strains, a sharp 
drop in K{() occurs around 600 °C. In the fine grain regime, at lower strain (0.2 %), cr 0 (e) 
decreases till 200 °C and thereafter remains nearly constant with increasing temperature 
as shown in figure 4.40a. Above 0.2% strain, cr 0 (e) decreases up to 200 °C followed by a 
hump from 200 °C to 400 °C and subsequently again decreases beyond 400 °C. It can be 
seen from figure 4.40b that the variation of K(e) with temperature at a given strain is 
opposite in trend to that observed m the variation of a 0 (e) with temperature. 

4.3.2 Microstructural characterisation of deformed samples 

As discussed in section 4.2.2, three different grain sizes (4.0 gm, 5.9 jum and 29.0 fim) were 
selected for microstructural characterisation. The microstructures of deformed specimens 
at 400 °C and 800 °C in the strain range of 5 % to 20% are shown in figures 4.41 and 
4.42 respectively. While elongated grains can be noted at 400 °C (figure 4.41), the grains 
remain more or less equiaxed for deformation at 800 °C (figure 4.42). However, the grain 
boundaries tend to become wavy with increasing strain at 800 °C as shown in figures 
4.42a-c. The wavy type of grain boundaries are not observed at lower temperatures 
(figures 4.21 and 4.41). Table 4.10 lists the values of microstructural parameters at various 
temperatures and strains for different grain size samples of batch 2. 

The variation of microstructural parameters with strain for 29.0 grm grain size samples 
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of batch 2 are shown in figures 4.43 and 4.41. The coefficient of variation of grain size 
increases with strain at 400 °C (see figure 4.43c) while at 800 “C it increases only up 
to 5 % and thereafter it remains more or less constant with increasing strain (figure 


4 44e). In general the grain aspect ratio increases and the grain shape factor decreases' 
with strain at 400 °C (figure 4.43c-d), as expected. At 800 °C. the grain aspect ratio 
increases and the grain shape factor decreases with increasing strain below 5 ’X strain and 
subsequently these parameters show no significant change with increasing strain (figures 
4.44c-d). In the variation of PDA distribution with strain, the standard deviation of 
PDA distribution (P SD ) increases and the relative frequency (Aao) of I -° !l ria * ss of 


distribution decreases at 400 °C (figures 4.43a-b). On the other hand at 800 “C, the fi SD 
increases and the /? 120 of PDA distribution decreases in the strain range of 0 to 5 % 
followed by an decrease in the former and increase in the later parameter wit h strain as 
shown in figures 4.44a and b respectively. The relative frequency distribution of PDA of 
fine (d=4.0 gm) and coarse (d=29.0 /an) grain samples at 400 °C and 800 °C are shown 


in figures 4.45-4.48. At 400 °C, PDA distribution flattens out with increasing strain in 
both fine and coarse grain samples as observed from the histograms in figures 4.45 and 
4 46. On the other hand at 800 °C, the distribution of PDA remains unchanged below 5 
% strain in fine grain (d=4.0gm) regime. At an intermediate strain (10 %) it flattens and 
thereafter no significant change is observed in distribution (figures 4.47). However in the 
coarse grained (d=29.0 gm) sample at 800 °C, the flattening of distribution occurs at 5 
% strain and the distribution remains unchanged with increasing strain (figures 4.48). 



Table 4.10: Microstructural parameters at various temperatures and strain levels for different grain size samples of batch 2 



f by intercept method 
* by grain area method 



Table 4.10 (continued) 
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Figure 4.39: Variation of (a) cro( € ) an( i (b) K(e), with temperature at various strain levels 
in the coarse grain regime of batch 1. 
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At 400 U C 
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Figure 4.43: Variation of metallographic parameters: (a) standard deviation of PDA 
distribution {p SD ), (b) relative frequency of 115° - 125° class of PDA distribution (/3 120 ), 
(c) grain aspect ratio (AR), (d) grain shape factor (S>) and (e) coefficient of variation of 
grain size (C v ) as a function of strain at 400 °C for d = 29.0 /rm. 
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At 800 0C 



% Strain 

Figure 4.44: Variation of metallographic parameters: (a) standard deviation of PDA 
distribution (/?sn), (b) relative frequency of 115° - 125° class of PDA distribution (/3m). 
(c) grain aspect ratio (AH), (d) grain shape factor (Sp) and (e) coefficient of variation of 
grain size (C,,) as a function of strain at 800 °C for d = 29.0 //m. 
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Figure 4.45: PDA distribution at 400 °C in the fine grain size (d = 4.0 gm) at % strains: 
(a) 0, (b) 5, (e) 10 and (d) 20. 
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Figure 4.46: PDA distribution at 400 °C in the coarse grain size (d = 29.0jmi) at % 
strains: (a) 0, (b) 5, (c) 10 and (d) 20. 
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Figures 4.49 to 4.51 show the variation of microstructural parameters with temperature 
for 29.0 gm grain size at different strain levels (5 %, 10 % and 20 %). At a % strain, (7,„ 
grain aspect ratio, and (3 so increase while S> and (i \ 20 of 120° class of PDA distribution 
decrease with increasing temperature as shown in figures 4.49. At intennediato strain (10 
%), the microstructural parameters are nearly independent, of test temperature (figure 
4 50). However at higher strains (20 %), C vt grain aspect ratio, and ,i S n decrease while 
S F and Pno of 120° class of PDA distribution increase with temperature as depicted in 
figures 4.51. The nature of variation in microstructural parameters with temperature at 
20 % strain is the opposite of that observed at lower strain (5 %). This transformation is 
gradual since at intermediate strain (10 %), these parameters show more or less no change 
with temperature. 


4.3.3 Microhardness variation in deformed samples 


Figures 4.52a and b show the variation of mieiohardness through selected grains in an- 
nealed and deformed samples of average grain size 29 fin 1 at 400 °C and 8(H) !t ( 1 1 aspect ively. 
As mentioned in section 4.2.3, the microhardness value is nearly the same in the grain 
interior and at the grain boundaries in annealed samples. However, with increasing st rain, 
the rnicr ohardness value increases both inside and at the grain boundaries as shown in fig- 
ure 4.52a at 400 °C. The difference between the microhardness at the grain boundaries and 
the grain interior is maximum at low strain (5 %). This difference in tin* microhardness 
values between the grain boundary and the grain center decreases with increasing strain 
as seen from figure 4.52a. On the other hand at 800 °C, this difference is same at all strains 
as seen in figure 4.52b. At 800 °C, no significant difference is observed in inierohardness 


at a selected position in a grain above 5 % strain as illustrated in figure 4.52b. The vari- 
ation of microhardness through grains at different temperatures at 5 %, 10 % and 20 % 


strain levels are presented in figures 4.53a-e. At 5 % strain, the microhardness distribution 
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Figure 4.47: PDA distribution at 800 °C in the fine grain size ( d — 4.0 fim) at % strains: 
(a) 0, (b) 5, (c) 10 and (d) 20. 
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Figure 4.48: PDA distribution at 800 °C in the coarse grain size ( d - 29.0 fim) at % 
strains: (a) 0, (b) 5, (c) 10 and (d) 20. 














Temperature (°C ) 

Figure 4.49: Variation of metallographic parameters: (a) standard deviation of PDA 
distribution (p SD ) } (b) relative frequency of 115° - 125° class of PDA distribution (<3i2o)> 
(c) grain aspect ratio ( AR ), (d) grain shape factor (Sp) and (e) coefficient of variation of 
grain size (C v ) as a function of temperature at 5 % strain for d = 29.0 /xm. 
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At 10 % strain 


Temperature (°C ) 

Figure 4.50: Variation of metallographic parameters: (a) standard deviation of PEV 
distribution (/3 S d), (b) relative frequency of 115° - 125° class of PDA distribution (/?i 20 ) 
(c) grain aspect ratio (AR), (d) grain shape factor ( S F ) and (e) coefficient of variation ( 
grain size ( C v ) as a function of temperature at 10 % strain for d = 29.0 \xm. 
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At 20 % strain 



Temperature (°C ) 

Figure 4.51: Variation of metallographic parameters: (a) standard deviation of PDA 
distribution (0 SD ), (b) relative frequency of 115° - 125° class of PDA distribution (/W, 
(c) grain aspect ratio (A/?), (d) grain shape factor (Sp) and (c) coefficient of variation of 
grain size (C v ) as a function of temperature at 20 % strain for <1 ~ 29.0 /an. 
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and values at a given position at different temperature is mure or less same (figure 
4 53a). Above 5 % strain, the microhardness at different position m a gt.nn is highest 
at 400 °C and lowest at 800°C as depicted in figure; 4.->3b-<\ However, the difference 
between the microhardness values at a given position at different temperatures increases 
with increasing strain (figures 4.53a-c). 

- - T he variation of microhardness with strain at different temperatures is shown in figure 
4.54a and with temperature at various strain levels is shown in figure 4.o4b. Microhard- 
ness increases at all temperatures with increasing strain. Below ■> % strain, the rate of 
increase in microhardness at all temperatures is same. However, ms compared to the lower 
temperatures, the rate of decrease is faster above 5 % strain at 300 ( ». At all strain levels, 
the microhardness increases with temperature (below 400 °C) and thereafter it decreases 
with increasing temperature as depicted in figure 4.54b. The values of microhardness 
at various strains and temperatures for samples of batch 2 with 29.0 pm are listed in 
table 4.11. 


Table 4.11: Average microhardness values at different temperature and strain for batch i 
(d=29 pm). 


Strain 

Microhardness(VHN) of Batch 2(<1 ~ 29 mum) at j 

(%) 

298 K 

673 K 

1073 K 

0 

151.4 ± 12.4 

151.4 ± 12.4 

151.4 ± 12.4 

5 

190.5 ± 6.3 

204.3 ± 9.5 

198.6 ± 9.0 

10 

212.5 ± 5.4 

225.9 ± 9.1 

199.9 ± 7.1 

20 

255.5 ± 8.5 

282.1 ± 7.4 

203.4 ± 9.7 



Microhardness(VHN) MierohardnessC VHN) Microhardness(VHN) 
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Figure 4.53: Variation of inicrohardiiess across grains (d — 25 
tures for strains: (a) 5 % , (b) 10 % and (c) 20 %. 
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4.4 Estimation of true dihedral angle (TDA) distri- 
bution 


In a polycrystal the grain boundaries may have different values of energy, which may 
lead to the difference in distribution of TDA (angle between the grain boundary planes 
meeting at a common edge, known as triple edge). As discussed in chapter 2 (section 2.4) 
the TDA can be measured [6-8] in transmission electron microscope (TEM). However, 
it is very cumbersome and not practical to estimate the statistical distribution of TDA 
through TEM. In the practice of metallography, the dihedral angles are measured as plane 
dihedral angles (PDA) between the grain boundary segments meeting at a triple point. In 
a polverystal. the triple edges are randomly oriented with respect to the plane of polish. 
Therefore, the distribution of plane dihedral angles (PDA) has two components: (1) 
variation in the TDA distribution and (2) statistical variation due to random orientation 
of the sectioning plane. The statistical variation (like random noise) tends to overshadow 
or hide the actual variation in the TDA distribution. Hence such a distribution of PDA 
cannot be directly used for the calculation of the relative energy of the grain boundaries. 
On the other hand, these surface measurements are relatively easy and it is possible to 
make a large number of measurements in a short time. Therefore, in the following sections, 
a transformation procedure is developed to unfold the distribution of true dihedral angles 
from the measured distribution of plane dihedral angles. 


4.4.1 Relation between TDA and PDA 

Figure 4.55 shows a randomly oriented triple edge sectioned by the plane of polish, P. The 
true dihedral angle between grain boundary planes A and B is a and the corresponding 
grain boundary segments a and b make a plane dihedral angle of /3 on the plane of polish 
as shown in figure 4.55. The triple edge is parallel to the Z-axis and the grain boundary 
plane A is in the XZ plane. The orientation of the plane of polish is described by thf 
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orientation of the plane normal (denoted by n) in tern, of an R h, o and 0 ,n sphenca, 
co-ordinates. The unit vectors * and ft are norma, to the R rain bonn.inrv pianos A and 

B respectively. Let 3 and She the vectors parallel to the « and 

5 respectively. 

From figure 4.55, the vectors r\, r 2 and n can be expressed .us lollops. 

• ' . 5 (4.1) 

n = j ' 1 

f 2 = -sincx i + cosa j 

n = sind cos(f) % + sind siruj) j +■ cost) k ( 4 - 3 ) 

Since a is the line of intersection of planes A and P, while b is the line of intersection of 


the planes B and P , a and b can be re 


presented bv the following cross- pi odnets: 


a = r i x n 


l > = . r 2 x ■ n 


From equations 4.1 to 4.5, a and b may be expressed in the following fori 


a = cosd i - sind cos<j) k 


b = cosa co 


s9 % + sina cosd j — sind cos((j) — a) k 


(3, the plane dihedral angle, can be expressed as: 


The terms in equation 4.8 can be obtained from equations 4.6. 4.7 and 4.8. 

a. b = ( cosd i - sind cos4> k). (cosa cosd i + sina cosd j - sind co$((f> — <*) &) 
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Figure 4.55- A random section through two grain boundary planes meeting at an angle 
of cl. The normal to the plane of section makes an angle 9 with the Z- axis and the 
projection of the normal on the XY- plane makes an angle d> with the X- axis. The line^ 
of intersection of grain boundaries on plane of polish makes an angle ( 3 . 
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or 


l&l = \l 


a.b = cos 2 6 cosol 4- sm~8 coso cos I o n) 

\a\ = y c os 2 0 + sOT 2 0co.s 2 ^ = \[\- ^n 2 0sm 2 o 
cos 2 q cos^+~sm 2 OL cos 2 8 + stn 2 0 cos 2 (o - a) = - sm-’O stn 2 {o - o 


(4.9) 

(4.10) 

(4-11) 


Thus, from equations 4.8 to 4.11, the following expression can be obtains 

cos 2 6 cosa + sjrrB cosd cos[<P - r> ) 

C0S ® ~ yjl 1 - sin 2 0sm 2 <£)(l - sir^sin^- o-jj 


(4.12) 


It is seen from equation 4.12 that if 6 = 0° then 3 = a, as would be expected However, 
for any given value of a, / 3 can vary from 0° to 180° depending upon the orientation of 

the plane of polish. 


4.4.2 Probability of intersection of a triple edge with plane of 
polish 


In figure 4.56, the orientation of the normal to the plane of polish is given by 6 and (j) 
and the triple edge is kept parallel to Z-axis. By an appropriate transformation of axes, 
the normal to the intersection plane can be made parallel to the Z-axis. As a result the 
triple edge will now have an orientation given by 8 and o as shown in figure 4.56. This 
figure shows a triple edge of length l within a cube of unit dimensions and the sectioning 
plane (which is parallel to XY plane after the transformation of axes) can randomly cut 
the cube at any height. It is clear from this figure that the probability of cutting a triple 
edge is given by 


P i = 


projected length of triple edge on the 2-axis 
length of cube edge 


= Icosd 


(4.13) 


2 Equation 4 12 reduces to the relation reported (without derivation) by 
changing the orientation of the aoces to that taken by them 


Harker and Parker [106] by 
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Figure 1.5(5: A triple edge in an unit cube and the sectioning plane is parallel to the XY- 
plane 

It may be noted that the probability is independent of <f>. This is because on changing 
(p the triple edge merely rotates about the Z - axis without altering the projected length. 
Since the triple edge can have any random orientation 0 and <p, the average probability 
of intersection is given by 

= average projected length = _i_ f*/ 2 ^ ie = 21 ( 4 , 14 ) 

2 length of cube edge vr/2 Jo 7r 

4.4.3 Distribution of plane dihedral angles when all the true 
dihedral angles are 120° 

A distribution of plane dihedral angles, /?, will now be obtained for the case when all 
the true dihedral angles are 120° ( i.e., the ideal case). This arises due to the random 
orientations of the plane of polish with respect to the grain boundary planes. Probability 
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of a random orientation (9 and 4> ) is given by (see appendix B). 

sm9 do dd 

w*)-— s— 


( 4 . 15 ) 


where, P ( 9 , 6) is the probability that the orientation lies in the range 0 to 0 4 - dO and 
0 to 6 + dcp. <f> varies from 0 to 2tt and 9 varies from 0 to n. The general technique of 
Monte-Carlo simulation was employed to determine the distribution. A description of the 
technique is given below. 


A large number of plane dihedral angles were generated by simulating intersections 
between the plane of polish and randomly oriented triple edges. For this purpose the 
random orientations of 6 and <f> may be generated by using equation 4.15. On examining 
equation 4.15, it is clear that <j) is uniformly distributed over the interval 0 to 2rr. Now 
from equation 4.15, the probability of orientation (say 7) lying between 0 to 0 and 0 to 
2 tt may be expressed as: 

7 = — / / sinOdfydd (4.16) 

47t Jo Jo 


or, 


COS9 =1 — 27 


(4.17) 


Since 7 is the probability of orientation which may vary from 0 to 1. It is clear from 
equation 4.17 that cos# is uniformly distributed over -1 to +1 (i.e.. 6 distributed over 0 
to 7 r) Let the plane dihedral angle distribution be divided into M classes of size interval 
A./? over the angular range of 0 to 7 r. Thus the distribution of plane dihedral angles were 
obtained by adopting the following procedure. 


(a) The orientation of plane of polish is randomly selected (9 = 0 to 7r and cj> - 0 to 

2tt). A uniform random number between 0 to 2w is generated to obtain <f>. Another 
uniform random number between -1 to +1 is generated to obtain cosd. 

(b) To check whether the above selected orientation of plane of polish with respect to 

triple edge will intersect the selected triple edge or not. For this purpose, consider 
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unit volume in which triple edges of known length l are randomly oriented. Let the 
plane of polish. P bisect the unit volume as shown in figure 4.57. 

Let the Z co-ordinate of one end of triple edge be q, which may randomly vary from 
0 to 1 (see figure 4.57). The projected Z co-ordinate of second end of triple edge 
in Z direction will be, r = q + Icosd, where 6 has its usual meaning as mentioned 
above. The 1 triple edge will be intersected by the plane of polish (which is located 
at a height of 0.5 unit): 

f 1. if q < 0.5 and r > 0.5, or 

2. q > 0.5 and r < 0.5. 

(c) For a selected orientation of triple edge, which can be intersected by the plane of 

polish, PDA is calculated using equation 4.12. 

(d) The computed PDA is added in the respective class 


Plane of 
polish 


i< 1 * 

Figure 4.57: R an domly oriented triple edges in an unit cube and sectioning plane is 
parallel to the XF-plane. 
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(e) Procedures (a) to (d) is repeated for at least 10,000 random orientations (0. o) and 

random positions (g) of the triple edges. 

(f) The relative frequency distribution of each class of PDA is obtained by dividing the 

number in each class with sum total of intersection of triple edges by the plane of 
polish. 

For M - 17 (A Q = 10°), figure 4.58 shows the histogram of plane dihedral angle 
distribution obtained from the intersection of a polycrystal whose* all the true dihedral 
angles are of 120° (ideal case). It is clear from figure 4.58 that the plane dihedral angles 
are distributed in the entire range from 0° to 180°. However, the relative frequency of 
120°(115° - 125°) class of PDA distribution is maximum (0.362) and standard deviation 
of PDA distribution is 21.7. 

The above analysis is not just limited to the ideal case (i.e., all the true dihedral angles 
are 120°) but it can easily be applied to obtain a distribution of plane dihedral angles from 



Figure 4.58: The distribution of PDAs for 120° TDA (ideal case). 
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any constant value of the true dihedral angle. For example, figure 4.59a and b show the 
histograms of PDA distribution obtained for 110° and 130° angles of TDA respectively. 

It may be noted from the above histograms (figures 4.58 and 4.59a-b) that the plane 
dihedral angle class corresponding to the maximum relative frequency is same as the true 
dihedral angle. Table 4.12 shows the relative frequencies of a few classes of PDA distribu- 
tion and standard deviation of PDA distribution for different values of TDA. The relative 
frequency of 120° class of PDA distribution decreases and subsequently the standard de- 
viation of PDA distribution increases with decrease or increase in the TDA value from 
120° as shown in table 4.12. It may also be observed that the relative frequencies of other 
classes ( e.g., 110° or 130°) increases with increasing or decreasing value of TDA from 
120 °. 


4.4.4 Distribution of plane dihedral angles obtained from a dis- 
tribution of true dihedral angles 


Table 4.12: Relative frequencies of different class of PDA distribution and standard devi- 
ation of PDA distribution, obtained from different values of TDA. 


TDA 

Relative frequencies of PDA class 

STD 

(Degree) 

90 

100 

110 

120 

130 

140 

150 

(PDA) 

100 

0.148 

0.314 

0.145 

0.077 

0.046 

0.036 

0.022 

31.4 

110 

0.065 

0.142 

0.336 

0.141 

0.085 

0.054 

0.031 

25.3 

1 

120 

0.035 

0.062 

0.134 

0.362 

0.148 

0 092 

0.056 

21.7 

130 

0.017 

0.038 

0.052 

0.131 

0.395 

0.160 

0.095 

22.0 

140 

0.009 

0.012 

0.030 

0.052 

0.119 

0.435 

0.183 

26.2 
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In general the real polycrystals are likely to consist of a distribution of true dihedral 
angles This distribution of true dihedral angles can be assumed to be subdivided into 
classes of small size intervals. Now each class considered independently, will generate a 
distribution of plane dihedral angles. The overall distribution of plane dihedral angles 
will then be the weighted sum of the individual distributions obtained from each class ol 
true dihedral angles. The weights will be simply related to the numerical density (i.e., 
number per unit volume) of each true dihedral angle class. 

Let the. true dihedral angle distribution be divided into M classes of size interval Aa 
over the angular range 0 to 7 r. Thus the j ££l class covers an angular range of (j-l)Aa to 
jAa. A\- denotes the number per unit volume (or numerical density) of grain boundary 
plane pairs which make an angle between (j-l)Aa to jAa. Now consider the plane dihedral 
angle distribution to be also divided into M classes of size interval A/3 (where, A/3 = Aa) 
over the angular range of 0 to n. N denotes the number of grain boundary segment 
pairs, making an angle between (i — l)A/3 to iA/3, per unit area of the plane of polish. All 
the classes of true dihedral angles will contribute to each class of plane dihedral angles. 
Let N Aij be the individual contribution to the i th class of PDA from the j th class of TDA. 
The individual contribution N a%j can be expressed as: 

N AtJ =P 2 a lJ N V} (4.18) 

where, P 2 is the probability of cutting a triple edge (given by equation 4.14) and a ZJ is 
the probability of obtaining the PDA in class (range: (i - 1) A/3 to iA0) from j th class 
of true dihedral angle. P 2 is obtained from equation 4.14 by assuming an average triple 
edge length l. The coefficient a tJ is simply the frequency of the ith class of PDA dis- 
tribution obtained from the Monte-Carlo simulation procedure discussed in the previous 
section. The computer programme used for the calculation of coefficients a i:j is presented 
in appendix C. In this computer programme a NAG library routine is used to generate 
the random orientation and random value of true dihedral angle from a selected class. 
Substituting P 2 from equation 4.14 in equation 4.18, the total number of grain boundary 
segment pairs per unit area, N At , can be expressed as the sum of the contribution from 
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all the true dihedral angle classes: 


j=i '* j--i 


(4.19) 


By dividing both sides in equation 4.19 with Si ^ -u C lA '-- b)tal number of grain 
boundary segment pairs at triple points per unit area, N ,\ ) . 


y. = 


Mj 


_JV4, 


(4.20) 


where is the relative frequency (probability) of i th chuss of FDA. Since the total number 
of grain boundary segment pairs per unit area of plane of polish will be equal to the 
product of P 2 and the total number of the grain boundary plane pairs at triple edge 
(A r v). It can be expressed as: 


m 21 

»A = T. N Ah = -N v 

Jfc= 1 


7T 


(4.21) 


Thus from equations 4.20 and 4.21, the relative frequency of i th class of plane dihedral 
angle may be expressed as follows: 


M 

a ij = Vi (4.22) 

i=i 

where x ; is the relative frequency of j th class of TDA in polycrystal. liquation 4.22 results 
M linear simultaneous equations for i and j varying from 1 to A/, with M unknown relative 
frequencies of TDA (xi,x 2 ,x 3 , ....,x M ), as follows: 


a lJTl + 012^2 + 013 X 3 + + CIimXm = Pi 


a 2 lXl + 0, 22X2 + (Z23X3 + + & 2 M&M = y 2 


a Ml%l + 0JU2^2 + GAT3P} + + = VM 



4.4 Estimation of true dihedral angle (TDA) distribution 


139 


4.4.5 Transformation of plane dihedral angle distribution to true 
dihedral angle distribution 


The above M linear equations with M unknowns can easily be solved by using standard 
numerical methods. Using the Monte-Carlo procedure outlined in section 4.4.3. tables 
of cooflidents, a l} , can be generated for given values of class widths of TDA and PDA 
distributions. Such tables can be used directly for the calculation of TDA distribution. 
Table 4.13 is such table which includes the computed values of a l3 for x — j = 17 and 
is used in the present investigation to unfold the TDA distribution from the measured 
distribution of PDA. In table 4.13, the first and the last classes of TDA and PDA have 
class width of 15°, while rest of the other classes have class width of 10°. The columns in 
the table gives the relative frequencies (i.e., a v ) of the PDA distribution for a given value 
of TDA. 

The Gauss elimination method was applied to solve for the unknowns x 3 (i.e., frequen- 
cies of TDA distribution) in the above linear simultaneous equations 4.22 for a given (or 
measured) distribution of PDA. It was observed in many cases that a few values of the 
relative frequencies of TDA (x 3 ) were negative. In context of the relative frequencies, 
negative x 3 has no physical significance. The negative values are observed mainly in those 
cases of TDA class, in which the actual values of the relative frequencies are close to zero, 
as shown in table 4.14 for M = 17. Table 4.14 shows the true dihedral angle distribution 
from the distribution of plane dihedral angles measured on the plane of polish for 316L 
austenitic stainless steel annealed at temperature of 950 °C for 35 minutes. The PDAs 
were measured manually from the micrograph, which may lead to some error in PDAs and 
may be responsible for observed negative values of TDA frequencies by Gauss elimination 
method. 

In order to eliminate the above problem, equations 4.22 were solved by using an opti- 
mization technique [107, 108] with the constraint that all the relative frequencies of TDA 
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must be greater than or equal to zero. Let us assume the measurement error in Ul is A 
then the equation 4.22 in appropriate form may be written as follows 


t) 


A/ 

V ) 0*lj Xj JJl 4” A i 

J = 1 


(4.23) 


A, = £ <Hj x 3 ~ V* ( 4 -24) 

j=i 

A z may be positive or negative depending upon the error in measurements of PDAs. The 
total sum of square of A t (i=l to M ) can be expressed its a function F as: 

M 

f = £a? ( 4 - 25 ) 

1=1 


or ’ 

F = DE“.j t i-rf 

2=1 j=l 

Equation 4.26 was solved by minimising F under the constraints that all .r ; > 0. 


(4.26) 


In the present investigation, NAG library routine was used for the optimization (the 
method is briefly presented in appendix C). The, programme, presented in appendix D, 
uses the quasi-Newton algorithm for finding a minimum of a function F(xi,X‘ 2 , —,xm)> 
subject to bounds on the independent variables Xi,x 2 , ....x w , using function values only. 


For a measured PDA distribution of annealed samples of 31GL austenitic stainless 
steel (second column of table 414), the above optimization programme calculated the 
distribution of TDA (see fourth column of table 4.14). The TDA distribution obtained 
by this method has no negative values. Therefore, the above optimization method can be 
used to estimate the distribution of TDA in polycrystal from the corresponding measured 
distribution of PDA. The relative energy distribution of the grain boundaries can also be 
assessed from the estimated distribution of TDA. 
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Table 4 14: Relative frequencies of measured PDA distribution and calndatod TDA dis- 
tribution by Gauss elimination and optimisation methods oHlOI. aust »*nit it* stainless steel 
sample annealed at 950°C and 35 Minutes. 


Angles 

Relative ftequMK :<\s of 

(Degree) 

measured 

calculated TDA jj 


PDA 

By Gauss 

By Optimisation 



elimination method 

method 

0-15 

000 

001 

Hill) 

15-25 

.000 

-.001 

.000 

25-35 

000 

-.(H) 1 | 

000 1 

JJ 

35-45 

000 

-.out 

000 I 

45-55 

.000 

-.003 

.000 

55-65 

.003 

-.021 

.000 

65-75 

.010 

.016 

.000 I 

75-85 

.010 

-.054 

.000 ; 

85-95 

.030 

-.087 

.000 | 

95-105 

.110 

.152 

.000 | 

105-115 

.183 

.274 

.285 j 

115-125 

.270 

.383 

.572 j 

125-135 

.197 

.157 

.143 

135-145 

.113 

.066 

.000 1 

145-155 

.043 

-.064 

.000 

155-165 

.023 

-.009 

.000 

165-180 

.007 

-.003 

.000 
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Discussion 


In the previous chapter the experimental results on the plastic deformation behaviour 
of 316L austenitic stainless steel over a wide range of grain size (2.7 to 64 //m) and 
temperature (room temperature to 800 °C ) were presented. As already mentioned the 
3I6L austenitic stainless steel was obtained from two different sources (referred to as 
batch 1 and batch 2) for this study. The principal aim of the present study was to analyse 
the effect of grain size and other microstructural parameters on the tensile flow stress 
(especially Hall-Petch behaviour) over a wide temperature range. The microstructural 
parameters other than grain size include the grain size and shape distribution, and the 
distribution of true dihedral angles (TDA). The flow stress dependence on temperature is 
discussed in the context of extrinsic grain boundary dislocations (EGBDs) by establishing 
a semi-quantitative model. Further, the applicability of strain hardening laws in the tensile 
deformation behaviour of 316L stainless steel was analysed. Accordingly this chapter is 
divided into four different sections. The first two sections deal with the plastic deformation 
behaviour at room and elevated temperatures, respectively. The third section establishes 
a semi-quantitative model of density of EGBDs during deformation to study the variation 
of flow stress with temperature. The fourth and last section examines the applicability of 
strain hardening laws in modeling the deformation behaviour. 
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5.1 Deformation at room temperature 

5.1.1 Hall-Petch behaviour 


The results of this study on the Hall-Petch behaviour (for batch 1 ) show two distinctly 
different linear regions at all strains (see figure 4.15). It is clear from figure 4.15 that one 
linear region is in the fine grain size range (d < 6 /mi) and the second region is in the 
coarse grain size range (d > 6 /mi). The values of Hall-Petch intercept <7o(f ) and slope 
K(e) for both the fine and the coarse grain regions are listed in table 4.3. It. is seen that 
the Hall-Petch parameter K(e) is significantly higher in the fine grain regime compared to 
that of the coarse grain regime at all strains. On the other hand. < 7 0 (<) is negative in the 
fine gram regime. Since there is no physical significance of negative or„(< ), it, appears that 
the Hall-Petch relation (equation 2.18) is not valid in the fine grain regime. As mentioned 
in the previous chapter, the fine grain regime can be characterised in terms of the flow 
stress versus inverse of grain size relation (equation 2.34). The values of the parameters 
oo(e) and K[e) (in equation 2.34) thus obtained from figure 4.17 are shown in table 4.3. 
It may be noted that the intercept <7o(e) is positive and A'(e) is much lower than that 
observed in the Hall- Petch relation. The physical significance of the two parameters of 
equation 2.34 vis-a-vis the parameters of the composite relation will be discussed later. 
An analysis of the goodness of fit, using the correlation coefficient for different powers of d 
by regression analysis presented in tables 4.4 show that the Hall-Petch model (or vs d~ l/2 ) 
is valid in the coarse grain regime and the composite model (a vs d' 1 ) is appropriate in 
the fine grain regime of batch 1. 

The distinctly different behaviour in the two regimes of grain size may arise from dif- 
ferent thermo-mechanical treatments employed to obtain various grain sizes. As table 
4.1 shows, the fine grain sizes were obtained by annealing the cold rolled (92%) samples 
at temperatures below 900 °C and the coarse grain sizes were obtained by annealing the 
cold rolled samples at or above 900 °C. These thermo-mechanical treatments may pro - 
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cluce differences in the annealed microstructures (such as, high energy grain boundaries) 
of various samples. Such differences could be evaluated by experimental measurement 
of certain microstructural parameters other than grain size, as discussed in chapter 2 
(section 2.3.3). The parameters used to characterise the microstructures of annealed sam- 
ples are grain size, grain size and shape distribution and distribution of true dihedral 
angles (TDA). From the results of microstructural characterisation of annealed samples 
presented in previous chapter, the following observations can be reiterated. 

• The normalised relative and cumulative frequency plots (figures 4.7 through 4.9) 
show no significant difference in the grain size distribution in the two linear regions. 
The figures also depict no significant difference in the grain size distribution of 
batch 1 and batch 2 samples. 

• The average grain shape factor (Sp) and the average grain aspect ratio (AR) remain 
more or less unaltered in the entire grain size range for both the batches as shown in 
figure 4.10c and table 4.2 respectively. These results indicate that the grain shape 
distribution is nearly same in the annealed samples of the two batches. 

• The relative; frequency of 120° class of the plane dihedral angle distribution shows 
a decrease with decreasing grain size in the fine grain regime of batch 1, while in 
the coarse grain regime it remains nearly constant with grain size (figure 4.10b). 
Correspondingly the standard deviation of plane dihedral angles also increases with 
decreasing grain size in the fine grain regime and remains nearly constant in the 
coaise grain regime as shown in figure 4.10a. For further analysis the true dihedral 
angle (TDA) distribution has been calculated from the measured plane dihedral 
angle (PDA) distribution for different annealed grain sizes using the methodology 
presented in chapter 4, section 4.4. The results of the analysis arc shown in figure 
5.1. The standard deviation of true dihedral angles was also calculated for different 
grain sizes and are presented in figure 5.2a. The relative frequencies of different 
classes of TDA arc shown in figures 5.2b-d. The estimated TDA distribution shows 
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a significant difference in the fine and the coarse grain regimes of hatch 1 (figure 
5.1a-b). The standard deviation of TDA increases with decreasing grain size in 
the fine grain region of batch 1, whereas the standard deviation of 1 1 ) A in the 
coarse grain region is more or less constant (figure 0.2a). The relative frequency of 
120°(115 - 125°) class of TDA decreases while that of othpr classes of TDA such as, 
110°(105 — 115°) and 130°(125 — 135°) increases with decreasing grain size in the fine 
grain regime In the coarse grain regime there is no substantial change observed in 
the relative frequencies of different classes of TDA with decreasing grain size (figure 
5.2b-d). In batch 2, the TDA distributions remain nearly same in the entire range 
of grain size as shown in figures 5.1c-d and 5.2a-d. On comparing PDA and TDA 
distribution, it is clear that the changes in the TDA distribution is much more 
significant. 

As discussed in chapter 2, with increasing coefficient of variation of grain size i.e., the 
spread of grain sizes, the surface area of grain boundaries per unit volume increases. This 
increase in surface area of grain boundaries per unit volume can result in a higher flow 
stress at a given strain [78]. But the present results as discussed above show no significant 
difference in the grain size and shape distributions in the entire range of grain sizes studied. 
Therefore the significantly different Hall-Petch behaviour in the fine and the coarse grain 
regimes cannot be explained simply on the basis of grain size and shape distributions. 
However, the above differences in the Hall- Petch behaviour may be explained on the 
basis of variation of TDA distribution in the two regimes of grain sizes. 

At equilibrium all the thiee grain boundaries meeting at a triple, edge have same en- 
ergies This state results in the equal values of all the three TDAs (i.e., 120°) at a triple 
edge. As the equilibrium state is approached the standard deviation or '{'DA lends to- 
wards zero and the relative frequency of 120° class of TDA approaches the value of 1.0. 
The present results show higher standard deviation of TDA distribution and lower rela- 
tive frequency of 120° class of TDA in the fine grain regime of hatch 1 as compared to 
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Figure 5.1: Distribution of TDAs, in annealed samples of batch 1 with grain sizes 
(a) 3.9/im and (b) 26.5/nn and in annealed samples of batch 2 with grain sizes (c) 4.0/rni 
and (d) 29.0 fi m. 


the coarse grain regime. This illustrates the higher energy or non-equilibrium state of 
grain boundaries in the fine grain regime as compared to the coarse grain regime. As 
discussed in chapter 4 (section 4.4), the higher energy state of grain boundaries (more 
non-equilibrium boundaries) corresponds to higher stress field. This stress field arises due 
to the presence of high density of extrinsic grain boundary dislocations (EGBDs). These 
EGBDs accumulate during the process of grain growth. Due to the lower annealing tem- 
perature employed to get the fine grain sizes, these EGBDs are unable to annihilate. On 
the other hand, the higher annealing temperature employed to produce the coarse grain 
sizes leads to the annihilation of EGBDs and hence equilibrium grain boundaries. The 
annealing behaviour will be discussed later in more detail. 

The region of high stress field near the grain boundaries can be considered as a hard 
mantle zone due to the presence of high density of EGBDs and lattice dislocations in 
the vicinity of grain boundaries [13,14]. In the coarse grain regime, the grain boundaries 
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are in equilibrium state (low standard deviation of TDA and higher relative frequency of 
120 class of IDA), and hence no mantle zone is expected to develop. Sangal et al. [78] 
also reported a higher standard deviation of plane dihedral angles (PDA) in the fine grain 
regime than tin* coai.se grain regime. As already discussed in chapter 4 (section 4.4), 
the I DA distribution has two components: (1) variation in the TDA distribution and 
(2) statistical variation due to random orientation of the sectioning plane. The statistical 
variation ( like random noise) tends to overshadow or hide the actual variation in the TDA. 
In the present investigation a mathematical method was developed (presented in chapter 4, 
section 4.4) and was used to transform the PDA distribution to TDA distribution. In this 
process the statistical component was eliminated. Therefore, the differences in the TDA 
distribution as a function of grain size are much more significant than in the case of PDA 
distribution. 

The grain growth rate appears to be very sluggish below 900 °C as depicted in figures 
4.3 and 4.4. Those figures also indicate an abrupt increase in grain growth rate at or 
above 900 °C. During grain growth, the migrating grain boundaries sweep up the lattice 
dislocations in their vicinity. These dislocations are termed as extrinsic grain boundary 
dislocations (EGBDs). As discussed above, the presence of high density of EGBDs results 
in higher energy i.e., non-equilibrium grain boundaries. For annihilation of these EGBDs 
high thermal energy is required to facilitate the high temperature processes such as cross- 
slip and climb. Lower temperature annealing will not be able to provide sufficient thermal 
energy for annihilation of EGBDs by these processes. Since lattice (or bulk) diffusion is 
required for the equilibration of grain boundaries [86,89], the kinetics of equilibration is 
relatively slow at lower temperatures. Thus, different grain boundary segments may be at 
varying stages of equilibration, leading to a distribution of grain boundary energy levels. 
Therefore, at a triple edge the three grain boundaries may not possess the same energy 
(as would be expected if all of them had been equilibrated). Consequently the angles 
between grain boundary segments will not be 120° ( see chapter 4, section 4.4). 


As discussed above the coarse grain sizes were obtained by thermal treatment at or 
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above 900 °C where rhe grain growth rates are very high compared to those observed 
at annealing temperarures below 900 °C. The rapid grain growth rate suggests that the 
process of reduction in the energy of grain boundaries is faster in this regime of grain 
size as compared to those in the fine grain regime. Above 900 °f. the buster diffusion 
reduces the grain boundary energy by annihilation of EGBPs. These* equilibrated gram 
boundaries result in a lower standard deviation of TDA and higher relative frequency of 
ideal 120° class as discussed above. Hence the samples with the coarse grain size may be 
considered to be free from the mantle zone unlike the case of samples with fine* grain size. 

Accordingly the fine grained microstructures may be considered as having two phases: 
a hard phase (mantle zone) m the vicinity of grain boundaries and a soft, phase (grain 
interior). Kocks composite model is more appropriate for this type of st rueture rather than 
the Hall-Petch model. This model (as discussed in chapter 2. section 2.3) considers each 
grain as consisting of a grain boundary rim (witli a volume fraction i:,, and a flow stress cr g ) 
and a grain interior (with a volume fraction Vi and a flow stress a,). Considering the force 
equilibrium over the whole grain, Kocks [35] derived the a vs d" x relation (equation 2.34). 
The intercepts of the plots based on equation 2.34 at all strains are positive for samples 
of batch 1 in the fine grain regime. The goodness of fit using correlation eoeffieients of 
these plots are also comparable with those found in the Hall-Petch plots (see table 4.3). 
The intercept and slope of these plots can be expressed as: 

(To = (Si (5.1) 

and, 

K = 4 x[a g — cq) (5.2) 

The different terms in the above equations have been already defined in chapter 2. section 
2.3. 

cr 0 (e) obtained from the a vs d~ l plots in the fine grain regime (132 MPa at yield stress) 
is close to the value obtained in the coarse grain regime by Hall-Petch plots (164 MPa at 
Meld stress). However, the values of K(e) in the fine grain regime (1730 MPa gm at yield 
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stioss b\ ( oinposite plot) is much higher than those observed in the coarse grain region 
(622 MPa fim 1 / at yield stress by Hall-Petch plot). Kashyap et al. [41] also observed two 
linear regions in the Hall-Petch plots in 316L austenitic stainless steel. Kashyap et al. [41] 
calculated the average values of a 0 (e, and K(e) by fitting a single regression line over the 
entire range of grain size at all strains. However they observed bi-linear Hall-Petch plots 
up to 5 % strain levels at room temperature and up to 2 c 7c strains at higher temperatures. 
Their data was analysed in the present work by considering two regimes of grain sizes at 
different temperatures and strain levels. The results of the analysis is shown in figure 5.3a. 
exo (f) was found to be small (59 MPa at yield stress) at room temperature and negative 
(—45 MPa at yield stress) at a higher temperature ( 400 °C). Thus it appears that the 
negative Hall-Petch intercept in the fine grain regime is not uncommon. The application 
of Koeks composite model ( equation 2.34) in the fine grain regime of the data of Kashyap 
et al. [41] is shown in as a plot of a versus d -1 in figure 5.3b. This figure shows the <7o(e) 
value of 177 MPa (at yield point) is comparable to the Hall-Petch intercept in the coarse 
grain regime of 200 MPa (at yield point). Thus by applying the Hall-Petch model in the 
coarse grain regime and the composite model in the fine grain regime, a more or less same 
value of < 7 o(f) is obtained. Since <j 0 (e) represents the flow stress in the grain interior, this 
appears to be reasonable. However, the K(e) value at a given strain remains higher in 
the fine grain regime than the coarse grain regime. 

The microhardness data across grains of annealed samples in the coarse grain regime 
(see figure 4.25a-b) shows no significant difference between the grain boundary and grain 
interior regions. This observation suggests that the coarse grains are free from hard mantle 
zone and the grain boundaries are in an equilibrium state. The minimum diagonal size 
of indentation by microhardness tester in this material was observed to be of 5-6 ^m. 
Therefore it was not possible to measure the hardness variation across grains in the fine 
grain regime (d < 6 n). However, figure 4.2 shows significant differences in the average 
hardness of tw r o regimes of grain sizes. The hardness remains more or less constant in 
the coarse grain regime (annealed at or above 900 °C), whereas it abruptly increases in 
the fine grain regime (annealed at temperatures below 900 °C) with decreasing grain size. 
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The value of a 0 (e) at yield point is comparable in the fine and in the coarse grain regimes. 
This difference in hardness between the coarse and fine grain regimes is likely to be due 
to the differences in hardness at or in the vicinity of grain boundaries. Therefore it is 
reasonable to c one ludo that in annealed condition the fine grained samples exhibit a hard 
mantle zone in the vicinity of grain boundaries while in the coarse grain regime, the grains 
are free from any hard mantle zone in batch 1. 

The Hall-Petch relation is found to be obeyed in most of the polycrystalline materi- 
als except for a few deviation [41,49,78,80,97]. The differences in the values of a 0 (e) 
and K{f) between the two regimes of grain sizes is considerably higher in the present 
investigation as compared to those reported by Kashyap et al. [41]. This may be due 
to the thermo-mechanical treatment employed to obtain fine grain size; it resulted in a 
comparatively hard mantle zone in the present investigation. Lloyd [49] attributed the 
bi-linearity in aluminium alloys to the inhomogeneous yielding in the fine grain regime (d 
< 3/xrn) and fitted cr(c) vs d~ l relationship as originally proposed by Moris et al. [98]. The 
inhomogeneous yielding (propagation of Luder bands) in aluminium alloys is attributed 
to the shortage of mobile dislocations caused by the absence of easily operated dislocation 
sources. The bi-linearity observed in the present investigation in 316L austenitic stainless 
steel cannot be explained on the above basis as no inhomogeneous yielding was observed. 
Thompson et al. [48] reported deviation from the Hall-Petch relation in pure copper. The 
texture development during annealing may be the possible reason for deviation from the 
Hall-Petch relation in copper [83]. 

The batch 2 samples show a single linear Hall-Petch plot at a given strain in the entire 
range of grain size (2.9 to 46 p.m) as shown in figure 4.16. However, figures 4.14 and 
4.18 show a significant difference in the flow stress and Hall-Petch behaviour between the 
samples of two batches. For a constant grain size, the batch 1 depicts higher flow stress 
value than batch 2 in the entire range of strain studied (figure 4.14). In the Hall-Petch 
plots, the batch 2 shows a single linear line at a given strain in the entire range of grain size 
while batch 1 reveals two linear regions (figure 4.18). There is a substantial difference in 
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the Hall-Petch behaviour of two batches, especially in the line jp.un legiint* (figure 4. IS), 
In the microstructural characterisation of annealed samples of two batches, the grain size 


and shape distribution can be noted to be similar (figures 1,'Ja-b and UOc). However 
there is a significant difference observed in the distribution of true dihedral angles (TDA) 
as the standard deviation of TDA (figure 5.2a) and the relative frequencies of different 
classes of TDA (figures 5.2b-d) demonstrate. The batch 1 shows higher standard deviation 
of TDA and lower class frequency of 120° class of TDA than those of but-oh 2 in the entire 
range of grain sizes and this difference is more pronounced in the fine grain regime, of two 
batches. Thus it appears that, even the fine grain sizes obtained in batch 2 .art* having an 
equilibrium grain boundaries. 


Considering the annealing characteristics of the two batches, a given grain size is ob- 
tained at a lower annealing temperature in batch 2 than batch 1. For example, to obtain 
grain size of 29 ym at the same annealing time (60 minutes), the required annealing tem- 
peratures are 950 °C and 900 °C for batches 1 and 2 respectively. In general the faster 
grain growth occurs in batch 2 than in batch 1. Therefore, the kinetics of equilibration 
of grain boundaries is probably faster in batch 2 than in batch 1 . This leads to an equi- 
librated grain boundary state (without the presence of any mantle zone) for the entire 
grain size range from 2.9 ym to 46 ym for the samples of batch 2. The electron probe 
micro-analyser (EPMA) results (table 3.1) show that batch 2 has higher Ni, Mn and lower 
C, Si and Cr content than batch 1. The stacking fault energy (SFE) increases with the 
increase in Ni and Mn [109-111] and decrease in C, Si and Cr content [109, 1 1 1, 112]. The 
increase in SFE, decreases the width of extended dislocations and hence the cross-slip 
of dislocations become easier. Thus, the addition of a solute which increase the SFE is 
expected to decrease the yield and flow stress. If SFE is decreased, the opposite trend 
may be observed. In the present investigation, due to the above compositional differ- 
ences the samples of batch 2 have a higher SFE than the samples of batch 1. These 
SFE differences may lead to a higher equilibration kinetics of grain boundaries due to 
the easy cross-slip even at a lower temperature in batch 2 than in batch 1. The above 
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compositional differences may also lead to a higher yield and flow stress in batch 1 than 
batch 2. The C and Mo tend to increase the lattice parameter in austenitic stainless steel 
as reported by Ohkubo et al. [109] and thereby an increase in yield and flow stress may 
follow The difference in the yield and flow stress in the samples of two batches is much 
more pronounced in the fine grain regime due to the combined effect of compositional 
difference's and hard mantle zone in the vicinity of grain boundaries in batch 1. 


5.1.2 Effect of strain on Hall-Pet ch parameters 

As discussed above the two regions of grain size of batch 1 demonstrate distinctly different 
Hall-Fetch behaviour. In the coarse grain regime the well known Hall-Petch behaviour 
and in the fine grain regime the composite model are applicable. In the following section 
the effect of strain on Hall-Petch parameters is discussed separately for the two regions 
of grain sizes. 


5. 1.2.1 Coarse grain regime 

Figure 4.19a shows a parabolic increase in cr 0 (e) with strain. Kashyap et al. [41] also 
reported a parabolic increase in <7o(e) with strain. 00 (e) value of 160 MPa obtained in the 
present investigation at yield point is close to the value of 200 MPa reported by Kashyap 
et al. [41]. The increase in cr 0 (e) with strain is ascribed to the resistance for the movement 
of dislocations in the grain interior. The increased work-hardening in the grain interior 
is also confirmed by the increase in microhardness in the grain interior with increasing 
strain as shown in figures 4.25a-c. This shows that with increasing strain the dislocation 
density in the grain interior increases. The substructural studies on 316L stainless steel 
by Kashyap et al. [41] also indicate the increase in dislocation density in the grain interior 
with increasing strain (figures 5.4a-b). This is in agreement with the above conclusion. 
Meakin and Fetch [62] observed linear increase in cr 0 (e) with strain in a- brass. They 
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formulated a linear relation between a 0 {e) and strain on the basis of back stress exerted 
by accumulated parallel pile-ups on a fresh pile-up involved in starting tin* next slip band. 
However the present result and that of Kashyap et al. [41] for 31(5b stainless steel indicated 
a parabolic increase in co( e ) with strain. 


o- 0 (e) at a given strain may be interpreted as the flow stress of a single crystal oriented 
for multiple slip. <j 0 (e) in Hall-Petch plots at a given strain is the stress value at d' 1/2 = 
0 i.e., the flow stress of a single crystal. The flow stress of a f.c.c. single crystal oriented 
for multiple slip also has a parabolic variation with strain. Kashvap v.t al. [41 J .attributed 
the parabolic behaviour of a 0 (e) versus strain to the formation of dislocation tangles on 
the basis of their TEM observations (figure 5.4b). The <r 0 (c) versus strain in batch 2 also 
shows a parabolic increase in a 0 (e) with strain and the (Jo(<i) at a given strain was found 
to be lower than batch 1. This may be due to the higher Ni and Mn, and lower Or, C and 
Si content in the samples of the batch 2 than the batch 1 . The compositional differences 
may result in a higher flow stress in batch 1 than those in batch 2 at a given strain [109]. 
Figure 4 19b shows an initial decrease (up to 2 % in batch 1 and 5% in batch 2) in 
K(e) followed by an increase with strain in both the batches. An examination of the 
results of microstructural characterisation of deformed samples presented in chapter 4 
(section 4.2.2) reveals the following observations. 


• The grain size (d) and coefficient of variation of grain size (C v ) show statistically 
no significant change with increasing strain, as shown in table 4.5 and figure 4.22e 
respectively. 

• The grain aspect ratio(AR) increases whereas the grain shape factor (5» decreases 

• with increasing strain (figure 4.22c-d). 

• With increasing strain, the relative frequency of 120° class of PDA distribution 
decreases (figure 4.22b) and correspondingly the standard deviation of PDA distri- 
bution increases (figure 4.22a). Significant differences are observed in the calculated 
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Figure 5.4: TEM micrographs of the samples of 316L austeml 
86.7 pm) deformed at room temperature up to strains of (a) 2 % 
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true dihedral angle distribution with increasing strain (see figures 5.5 and 5.6). 
The relative frequency of the ideal configuration (i.e., 120° class of TDA) decreases 
with strain. On the other hand the relative frequencies of other classes of TDA 
distribution such as. 110° and 130° are seen to increase with strain in the samples 
of different, grain sizes, as shown in figure 5.7b-d. This resulted in an increase in the 
standard deviation of TDA distribution with increasing strain (see figure 5.7a). 

The above results of grain size and coefficient of variation reflect that the grain size 
and shape distribution remain more or less constant with increasing strain. This is to be 
expected, since at room temperature no grain boundary migration occurs. The decrease 
in grain shape factor and increase in grain aspect ratio imply that the grains elongate 
with increasing strain as can also be seen in deformed microstructures (figures 4.21a-c). 
This is due to the deformation of samples by mainly intragranular dislocation slip mode. 
The increase in standard deviation of TDA and decrease in relative frequency of 120° 
class with increasing strain indicate a shift of the grain boundaries towards a more non- 
equilibrium state. Accordingly the grain boundary regions become harder with increasing 
strain. The microhardness data (see figure 4.25a-c) also supports this hypothesis. 

The decrease in K{ e) at lower strain may be attributed to the accumulation of extrinsic 
grain boundary dislocations (EGBDs) at grain boundaries [63]. Prior to deformation, the 
microstructures of annealed samples in the coarse grain regime are expected to consist 
of equilibrated grain boundaries. This was concluded from the TDA distribution (see 
section 5.1.1). At small strains the trapped lattice dislocations interact with the grain 
boundaries resulting in the formation of EGBDs as shown in figure 2.8a. The EGBDs 
act as stress concentrators [63] and lead to a significant decrease in the stress required 
to generate dislocations in the grain boundary region. The density of the sites of stress 
concentration is equal to the density of EGBDs [63]. Since the density of EGBDs increases 
with increasing plastic strain, the density of potential sites where dislocations can be 
generated also increases with increasing strain. Thus K(e) wffiich is a function of the 
stress required to generate dislocations would decrease with increasing strain. Kashyap 
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Figure 5.5: TDA distributions in samples of grain size, d =4.0/xm, in batch 2 at various 
% strains: (a) 0 (b) 5 (c) 10 and (d) 20. 
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Figure 5.6: TDA distributions in samples of grain size, d =29.0/xm, in batch 2 at various 
% strains: (a) 0 (b) 5 (c) 10 and (d) 20. 









5.1 Deformation at room temperature 


At room temperature 


True strain 


Figure 5.7: Variation of different parameters of TDA distribution: (a) standard deviation 
(b) relative frequency of 120° class (c) relative frequency of 110° class and (d) relative 
frequency of 130° class for different grain sizes with true strain. 
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et al. [41] and Sangal et al. [63] also observed a decrease in K{<) at, lower stiaiti and they 
interpreted it on the basis of accumulation of EGBDs as discussed above. 

The increase m K{t) with strain after the initial fall can be interpreted on the basis 
of increasing resistance to the propagation of dislocations in the grain boundary region. 
The accumulation and interaction of EGBDs at grain boundaries transform the grain 
boundaries to a higher energy or non-equilibrium state. This may result in the formation 
of a mantle zone in the vicinity of grain boundaries. The variation of TDA distribution 
and microhardness results as discussed above supports the above statements. Thus the 
resistance to the propagation of dislocations through the hard mantle zone increases with 
increasing strain. If K{t) is identified with the average grain boundary resistance to plastic 
flow, then this increased width of mantle zone causes further resistance to slip transfer 
from one grain to the other and thus K(e) increases with increasing strain. Ashby [ 61 ] and 
Thompson et al. [74] explained the increase in K(e) with strain on the basis of increased 
density of geometrically necessary dislocations near the grain boundaries. Others [27, 
59, 62] also interpreted the increase in K (e) with strain in terms of the intragranular 
intersection hardening which arises from the grain size dependence of the dislocation 
density. 


5. 1.2. 2 Fine grain regime 

As discussed earlier the composite model is applied to this region of grain size of batch 1 
which yielded the a versus d~ l relationship (equation 2.34). The variation of a 0 ((.) (equa- 
tion 5.1) and K(e) (equation 5.2) with strain is discussed below. 

<xo (e) is more or less unchanged up to 2% strain followed by parabolic increase with 
increasing strain as shown in figure 4.20a. Above 2 % strain, the strain hardening rate 
decreases with strain. The substructural study on this material by Kashyap et al. [41,113] 
shows a lower rate of increase of dislocation density in the grain interior at low strains 
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(up to 2 /,) in the fine grain regime (see figure 5.8a) relative to the coarse grain regime 
(see figure 5.4a). Howe the fr 0 (e) in the fine grain regime remains more or less unchanged 
with strain at low levels. The parabolic increase in a 0 (e) above 2% strain level may be 
attributed to the increase in dislocations density inside the grain with increasing strain, 
as shown in figures 5.8a-b. At higher strain the dynamic recovery is more predominant 
and it leads to the formation of dislocation cell structure (see figure 5.8b). 

The variation of <7 0 (r) with strain may be compared to the stress-strain curve of a 
single crystal oriented for multiple slip as discussed in the previous section. In this range 
of grain size the rate of increase of a 0 (e), {dcr 0 (e) / de} , at a given strain is high compared 
to that obtained in the coarse grain regime. This is attributed, to the high back stress of 
the accumulated dislocations in the hard mantle zone of fine grain regime. 

The variation of K(c) with strain as shown in figure 4.20b demonstrates an initial 
increase in I\(r.) up to 5 % strain followed by a decrease with increasing strain. A com- 
parison of the variation of K (e) with strain in the coarse and in the fine, grain regimes 
(see figures 4.19b and 4.20b) indicates opposite trends. The initial increase in K(e) with 
strain may be attributed to the increasing resistance to the mobility of dislocations in the 
grain boundary region. As already discussed in section 5.1.1 the grain boundary regions 
in the fine grain regime have the hard mantle zone even in annealed condition. This 
hard mantle zone hinders the propagation of dislocations and hence K (e) increases with 
increasing strain due to the intragranular intersection hardening as suggested by Meakin 
and Fetch [62]. The presence of hard mantle zone in the fine grain regime is the possible 
reason for much higher K(c) value in this region than in the coarse grain region. The 
decrease in I\{e) at higher strains may be ascribed to the dominance of dynamic recovery 
over strain hardening near the grain boundary region as suggested by Jago et al. [114] and 
the substructural study of Kashyap et al [41] (shown in figure 5.8b). Due to the presence 
of high stress field near grain boundary region (Kocks parameter, K(e)= 1945 MPa ^m 
at 5% strain), the dynamic recovery and cell formation starts at a lower strain leading to 
a decrease in K(e) at higher strains. 
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In the coarse grain regime the grain boundaries have lower strews field oven at high 
strains (Hall-Petch parameter, K{e) at 25 % strain is 695 MPa pm 1 ' 2 ) as compared to 
those observed in the fine grain regime (Hall-Petch parameter. I\(t ) even at yield point 
is 1808 MPa p m). Therefore, in the coarse grain regime the dynamic recovery in grain 
boundary region may not be so dominant as in the fine grain regime. Hence K[f) increases 
with increasing strain above 2 % strain in the coarse grain regime while it decreases above 
5 % strain in fine grain regime. Meakin and Fetch [62] also observed a parabolic increase 
in K(e) up to 10 % strain followed by a decrease thereafter in high zinc brasses which have 
high SFE. The initial increase was attributed to the intragranular intersection hardening. 
However with increasing strain the eventual formation of dislocation networks near the 
grain boundaries may supply unlocked sources that allow easier generation of a new slip 
band and so lower K(e) at higher strain. This formation of dislocation networks near 
the grain boundaries is more favourable in the fine grain regime of the presently studied 
material due to the non-equilibrium state of grain boundaries and high stress field. 

In conclusion it can be stated that the present study shows distinctly two different re- 
gions of grain sizes having different HallrPetch intercept and slope at all strains. However 
Kashyap et al. [41] only reported bi-linearity up to 5% strain level and the transition grain 
size is more or less same as observed in the present investigation. This different Hall-Petch 
behaviour in the two regions of grain size is the result of differences in the energy state of 
grain boundary regions. The TDA distribution and the hardness measurement confirm the 
presence of a hard mantle zone in the samples of fine grain size of batch 1. The Composite 
model and the well known Hall-Petch model are applicable in the fine and the coarse grain 
regimes of batch 1 samples. On the other hand, the Hall-Petch relation is valid over the 
entire range of grain size in the samples of batch 2. At a given strain and grain size, the 
batch 1 shows higher flow stress value as compared to batch 2. This may have its origin 
in their compositional variations. The difference in flow stress is more pronounced in the 
fine grain regime due to the combined effect of compositional differences and energy state 
of grain boundaries. The variation of <Jo(e) with strain in both the regions shows more or 




Figure 5.8: TEM micrographs of the samples of 316L austenitic stainless steel (d - 5.0 ^m) 
deformed at room temperature up to strains of (a) 2 % and (b) 24 % [113]. 
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less similar behaviour as in single crystals oriented for multi-slip. However the variation 
of K(r) with strain shows opposing trends in the two regimes of grain sizes. 


5.2 Deformation at elevated' temperature 
5.2.1 Hall-Petch behaviour 

Hall-Pet ch behaviour (for batch 1) in the temperature range from 200 °C to 600 °C show 
two distinctly different linear regions at all strains, as shown in figures 4.33a-c. This 
is similar to the Hall-Petch behaviour observed at room temperature (see figure 4.15). 
The transition grain size between the two regimes remains same (6 yum) over the entire 
temperature range from room temperature to 600 °C. The scatter in the Hall-Petch data 
increases with increasing temperature and strain as can be observed from the Hall-Petch 
plots and regression coefficients presented in table 4.8. The values of the Hall-Petch 
parameters <r 0 (0 and K(q for both the fine and the coarse grain regimes at different 
temperatures and strains are listed in table 4.8. Over the entire temperature range from 
room temperature to 600 °C, the Hall-Petch parameter K(e) is significantly higher at a 
given strain in the fine grain regime as compared to that in the coarse grain regime (see 
table 4.8). Below 20% strain, the Hall-Petch parameter K{e) varies approximately from 
1300 to 1960 MPa /.an 1/2 in the fine grain regime. In the coarse grain regime, K(e) varies 
approximately in the range, 320 to 480 MPa yum 1//2 . cr 0 (e) in the above temperature range 
(room temperature to 600 °C) is approximately in the range of 75 to 560 MPa. However, 
cr 0 (e ) in the fine grain regime over the temperature range from 200 °C to 600 °C and strain 
range of 0.2 to 20 % is negative as may be seen from table 4.8. It may be recalled that a 
similar observation i.e, negative <7o( e ) values in the strain range of 0.2 to 15 % was also 
made at room temperature, as shown in table 4.3. An analysis of the Hall-Petch data of 
Kashyap et al. [41] presented in figure 5.3a also shows negative value of cr 0 (e) (-40 MPa at 
0.2 % strain) and higher K(e) value in the fine grain regime than the coarse grain regime 
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at 400 °C. 

As discussed in section 5.1.1, since a 0 {c) represents the (low stress <4 a single crystal, 
the negative values of <To(e) has no physical significance. 1 heieloie it nia\ be concluded 
that the Hall-Petch relation is not valid in the fine grain regime in the temperature range 
from room temperature to 600 °C. As already mentioned in chapter 4 that the fine grain 
regime in the temperature range from room temperature to 000 'V ' can be modeled using 
equation 2.34 (flow stress dependence on inverse of grain size). Figures 4.3oa-e show 
the linear plots of flow stress versus inverse of grain size at three different, temperatures. 
200 °C\ 400 °C and 600 °C. The physical significance of the a versus d 1 relation ((‘({nation 
2.34) has already been discussed. The values of a 0 (c) and K(<) (constants in equation 
2.34) thus obtained are also included in table 4.8. (which is the flow st ress of a single 

crystal) in this case is positive over the entire range of temperature and strain considered. 
An analysis of the goodness of fit, using the co-relation coefficient, for different powers of 
d by regression analysis presented in tables 4.4 and 4.9 show that the Hall-Petch model (a 
vs gT 1 / 2 ) is valid in the coarse grain regime and the composite model {a vs d" 1 ) is valid 
in the fine grain regime of batch 1, over the temperature range from room temperature 
to 600 °C. 

The samples of batch 2 at 400 °C show a single linear Hall-Petch plot at a given strain in 
the entire range of grain size (2.9 to 46 /an) as illustrated in figure 4.34a. This observation 
is analogous with the room temperature Hall-Petch behaviour in batch 2, The values of 
a 0 (e)_and K(e) at different strains are included in table 4.8. It may be noted from table 
4:8 that at a given strain and at a temperature of 400 °C, the value of A' (/.) is higher 
and CT 0 (e) is lower in batch 2 than in batch 1 . Figure 4.36a compares the Hall- Fetch 
behaviour between the two batches at 400 °C. It may be noted from figure 4.36a that the 
flow stress values in the coarse grain regime of two batches are comparable to each other. 
On the other hand in the fine grain regime the flow stress of batch 1 is significantly higher 
than batch 2. The annealing characteristic of the two batches, as already discussed in 
section 5.1.1, is significantly different. The rapid grain growth characteristic observed in 
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batch 2 relathe to bate h 1 (aiising due to compositional differences) leads to equilibrated 
structure of grain boundaries even in the fine grain regime of batch 2. However, in the case 
of batch 1 the sluggish grain growth behaviour below 900 °C leads to the non-equilibrium 
grain boundaries in the fine grain regime. 

As suggested earlier, the samples with different thermo-mechanical treatments can 
lead to grain boundaries with varying energy states. These variations in the energy 
states result in differences in the experimentally measurable parameters: the true dihedral 
angle distribution and microhardness profile across grains. Annealed samples of fine grain 
regime of batch 1 shows higher standard deviation of true dihedral angles (figure 5.2a) 
and lower relative frequency of the 120° class of true dihedral angle distribution (figure 
5.2b) as compared to the observation in the coarse grain regime. This illustrates that 
the existence of non-equilibrium grain boundaries in the fine grain regime as compared to 
that in the coarse grain regime (discussed in detail in section 5.1.1). The non-equilibrium 
grain boundaries in the fine grain regime leads to a hard mantle zone which consists 
of dislocations at grain boundaries: extrinsic grain boundary dislocations (EGBDs) and 
lattice dislocations in the vicinity of grain boundaries. While in the case of the coarse 
grain regime, the polycrystalline samples are expected to be free from a hard mantle 
zone due to the fact that they were subjected to higher annealing temperatures. The 
presence of hard mantle zone in the fine grain regime of batch 1 is also confirmed from 
the microhardness profile across grains and hardness measurement of annealed samples. 
However, in batch 2, there is no significant difference observed in the true dihedral angle 
distribution and microhardness profiles in the two regimes of grain sizes. This indicates 
an absence of a hard mantle zone in the entire range of grain sizes considered and thereby 
leads to a single linear Hall-Petch plot in batch 2. 

The dynamic strain aging (DSA) behaviour is observed in both the batches in the 
temperature range of 200 °C to 600 °C. At 400 °C, the value of K(e) in batch 2 is higher 
than that observed in the coarse grain regime of batch 1. The higher Ni, Mn and lower 
C, Si and Cr content (see table 3.1) in batch 2 than batch 1 leads to higher stacking fault 
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energy (SFE) [109-112], The higher SFE may results in a decrease in How stress with 
increasing temperature due to easy cross-slip. On the uthet hand, the dynamic strain 
aging increases the flow stress due to the locking of mobile dish.caunns. The C and X 
atoms in the lattice lock the dislocations in dynamic strain aging f DSA) range. These 
elements preferably segregate near the grain boundaries. Thus the grain boundary region 
is the preferential site for DSA, as also suggested by Kutumba Kao rt al. [88]. Therefore, 
higher C content m batch 1 would lead to a greater degree of USA, As a consequence. 
K(e) in batch 1 should be higher than in batch 2 at 400 (, C. However, figure 4.37b shows 
the opposite trend of higher K(e) in batch 2 than in batch 1 at. a given strain at 400 °C. 
The reason for this discrepancy is not clear. One possible reason may be related to the 
compositional difference in other interstitial solute atoms such as nitrogen. However, 
Nitrogen analysis could not be carried out as the standard is not available in Electron 
Probe micro-analyser (EPMA). With decreasing grain size in the coarse grain regime, the 
difference in flow stress between the two batches decreases as illustrated in figure 4.36a. 
However, the presence of a hard mantle zone prior to deformation in the samples of fine 
grain size of batch 1 leads to much higher K(t) value than that of batch 2. This results 
in an overall higher flow stress in batch 1 than in batch 2 in the fine grain regime. 

The hard mantle zone in the grain boundary region and the soft grain interior in the fine 
grain regime of batch 1 leads to the applicability of Kocks composite model rather than the 
Hail-Petch model. The presence of hard mantle zone in the fine grained annealed samples 
of batch 1 is responsible for much higher values of jFC (e) in this regime as compared with the 
coarse grain regime. This high value of K(e) is found up to the test t emperat ure of 600°C, 
as shown in table 4.8. According to Valiev et al. [115] and Grabski et al. [1 1C], the extrinsic 
grain boundary dislocations (EGBDs) or trapped lattice dislocations (TLDs) create the 
so called non-equilibrium grain boundaries of the first order. At the same time these 
EGBDs are stable only at relatively low temperatures (< 0.5TW, where T\ t is the melting 
temperature). As shown by various investigators [4,5,87,116-120] during in-situ annealing 
of thin foils in the transmission electron microscope (TEM) the EGBDs spread out and 
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their images disappear ar, high temperatures. The observation of the spreading process is 
interpreted as core widening [4,110-119]. It is also suggested that the EGBDs dissociate 
into structural grain boundary dislocations with smaller burger vectors [121-123]. Darby 
et id. [121] suggested that lor random high angle grain boundaries the burger vectors 
of structure EGBDs are vanishingly small and for that reason such dislocations cannot 
be observed in IBM. I he driving force for this process is the decrease in the elastic 
energy of EGBDs. However, such a process can explain only the disappearance of the 
EGBD contrast, in TKM but not the complete annihilation of EGBDs which would require 
the value of the total burger vector to go to zero. Thus, on completion of above stage, 
grain boundaries are still in a non-equilibrium state (referred to as non-equilibrium grain 
boundaries of the second order [116,124]) having residual stresses associated with partially 
relaxed EGBDs. This was confirmed in various investigations [12,14,63.116,124]. Further 
reduction of the excess energy due to the presence of residual stresses of partially relaxed 
EGBDs occurs at high temperature by the rearrangement and annihilation of EGBDs 
which finally leads to the equilibrium grain boundary structure [13,116,121,124,125]. 

In the 316L austenitic stainless steel, the spreading of EGBDs occurs below 600 °C 
(0.537^) <is reported by Varin at a/. [158,159], whereas annihilation of EGBDs takes place 
at temperatures higher than 600 °C, as calculated by Sangal et al [13] and Varin et 
al. [12]. This was also experimentally deduced by the observed drop in yield stress in 
316L austenitic stainless steel on annealing for short time [14]. Thus it is concluded that 
the high A'(<) values observed in the fine grain regime of the batch 1 in the temperature 
range from room temperature to 600 °C is due to the non-equilibrium structure of the 
grain boundaries and consequently a hard mantle zone. 

At 800 °C, both the batches exhibit single linear Hall-Petch behaviour in the entire 
range of grain sizes studied at a given strain as shown in figures 4.33d and 4.34b. The 
data exhibits wide scatter which increases with strain. The values of correlation coefficient 
of regression lines above 5% is less than 0.7, as shown in table 4.8. Thus it is difficult 
to obtain a meaningful Hall-Petch analysis at strains higher than 5%. Accordingly the 
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result of regression analysis for strains greater than 0.2% is indicated by dashed lines in 
figures 4.33d and 4.34b. a Q (e) and K{e) values obtained from the linear regression at 
different strains for both the batches are listed in table 4.8. I he \ nines of the Hall-Fetch 
parameter K{e) are significantly lower than those observed at lower temperatures. For 
example, in batch 1 at a strain of 0.2%, the value of K(t) is 99.0 MPa firn 1 ^ at 800 °C, 
whereas at the lower temperature of 600 °C, the values of I <( 0 an; 1461 MPa pm 1/7 (from 
Hall-Petch plot) and 1430 MPa pm (from a versus d~ l plot) in the fine grain regime and 
in the coarse grain regime the value of K{e) is 365 MPanm l/2 (from Hall-Petch plot). 
This indicates that the strengthening effect of grain boundaries is considerably reduced. 
However values of a- 0 (e) at low strains at 800 °C are comparable to those obtained at 
600 °C for both the batches. cr 0 (e) obtained from the composite relation in the fine grain 
regime of batch 1 at 600 °C is much lower than that observed at 800 °C. For example, at a 
strain of 0.2%, the value of cr 0 (e) is 119MPa at 800 °C, while at 600 °C\ the value of a 0 (e) 
is 6 MPa (from composite relation) in the fine grain regime and in the coarse 1 grain regime 
the value of cr 0 (e) is 76 MPa (from Hall-Petch plot). This demonstrates that at 800 °C 
the maximum resistance to flow is from the grain interior while at lower temperatures the 
grain boundaries give maximum resistance to flow at lower strains. 

Figure 4.36b compares the Hall-Petch behaviour of two batches at 800 °C. The Hall- 
Petch analysis of the data at 800 °C shows that the Hall-Petch parameter K{t) has small 
positive value in batch 1 and negative in batch 2 over the entire strain range. In other 
words, the flow stress slowly increases in batch 1 and decreases in batch 2 with decreasing 
grain size. The negative value of Hall-Petch parameter K(e) at 800 °C in an austenitic 
stainless steel containing 2lCr-14Mn-0.68N- 0.12C, is also reported by Kutumba Rao - et 
al. [88]. It has been considered [52,88,94] that at higher temperature above 0.5 7^, the 
main deformation mode is the grain boundary sliding and migration. Thus the pile-up 
model of Hall-Petch is not applicable at 800 °C. Also cross-slip is easier at 800°^, and 
it leads to the formation of cell and subgrains at lower strains. The cell boundaries act 
as a barrier to movement of mobile dislocations. Thus the cell formation diminishes the 
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importance of the grain boundaries in controlling the flow stress. Therefore, it may be 
more appropriate to analyse the flow stress in terms of cell size together with grain size. 
The higher SFK of batch 2 ;us compared to batch 1 leads to the more easy cross-slip of 
dislocations in batth 2. Consequently cell formation is much easier in batch 2 than in 
batch 1 and hence Hall-Peteh breaks down at a lower strains at 800 °C in batch 2 than 
in batch 1. 


5.2.2 Effect of strain on Hall-Petch parameters 

It has been demonstrated in the above sections that in the case of batch 1, Hall-Petch 
model describes the flow stress dependence on grain size in the coarse grain regime (> 
6/xrn) and the Koeks composite model is applicable in the fine grain regime (< 6 /nm) 
in the temperature range of room temperature to 600 °C. While in the case of batch 2 
the Hall-Petch model is valid over the entire grain size range (from 2.9 ixm to 46.0 /xm) 
in the above temperature range. At 800 °C the flow stress dependence on grain size is 
substantially different, in both the batches. The values of Hall-Petch parameter K(e) in 
batch 1 are positive, while they are negative in batch 2. Both the batches illustrate wide 
scatter in data around the regression line above 5% strain level. In the following sections 
the effect, of strain on the parameters, <r 0 (e) and K(e) is discussed separately in the two 
grain size regimes. 


5.2.2. 1 Coarse grain regime 

Figure 4.37a shows the variation of cro(c) with strain at different temperatures. In the 
temperature range of room temperature to 600 °C, oo(e) increases parabolically with 
strain in both the batches. At 800 °C, the increase in oo(e) with strain is very small 
as compared to lower temperatures. The variation of Hall-Petch parameter K(e) with 
strain at different temperatures for both the batches is shown in figure 4.37b. In the 
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temperature range of 200 °C to 400 °<7, I<(e) remains more or less constant in the strain 
range of 0 to 2% strain in batch 1. On further straining, K(t ) increases up to 10'/ strain 
and subsequently decreases with increasing strain. However, above 400 "( t here is a slight 
increase m K(e) up to 2% strain followed by gradual deetease with increasing strain. On 
the other hand, m batch 2, K{e) at 400 °C increases in the strain range of 0 to 10% and 
thereafter decreases with increasing strain. At 800 °C, A*(<) in batch 2 is negative and it 
becomes less negative with increasing strain. 

In order to understand the variation of the Hall-Pet, eh parameters <7 t )(0 and K(e) 
with strain, it is worthwhile to examine the geometrical changes in the mierostructures 
through the variation of some of the metallographic parameters (e.g., standard deviation 
of plane dihedral angle distribution, relative frequency of 120° chess of plane dihedral angle 
distribution, grain aspect ratio, grain shape factor and coefficient of variation of grain size) 
with strain. Figure 4.43 shows the variation of the microstructnral parameters with strain 
at intermediate temperature of 400 °C and several important observations can be noted 
from it. The coefficient of variation of grain size remains nearly constant, with increasing 
strain (figure 4.43e). Grain size calculated using grain area method at different strain 
levels (presented in table 4.10) also shows no significant change with strain. No significant 
change in grain size and grain size distribution with strain suggest the absence of dynamic 
recrystallisation and grain growth during deformation at 400 °C. The microstructure of 
specimens deformed at 400 °C in figures 4.41a-c also show no evidence of rccrystallisation. 

The grain aspect ratio increases considerably while the grain shape factor (5f) de- 
creases slightly with increasing strain as illustrated in figures 4.43c and d respectively. 
This implies that the grains elongate with increasing strain as is also confirmed from the 
mictostructures as shown in figures 4.41 a-c. These variations in grain aspect ratio and 
grain shape factor may be interpreted as the dominance of intragranular dislocation slip 
without any measurable grain boundary sliding and grain boundary* migration. This is 
in agreement with the investigation of Kurzydlowski et al, [94] which were also based 
on the grain geometry changes such as standard deviation of mean intercept length (m)> 
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mean normal ised .standard deviation of intercept length (a t /l) and ratio of maximum grain 
diameter to equivalent '-train diameter {(i max /d eq ). 

The relative frequency of the 120° class of the plane dihedral angle distribution shows a 
decrease with increasing strain (figure 4.43b). Correspondingly the standard deviation of 
plane dihedral angle distribution increases with increasing strain as shown in figure 4.43a. 
For further analysis the true dihedral angle distribution has been calculated from the 
measured plane dihedral angle distribution at different strain levels using the methodology 
presented in chapter 4 (station 4.4). The results of the analysis are shown in figures 5.9 and 
5.10. The standard deviation of true dihedral angles together with the relative frequencies 
of different classes of true dihedral angles at different strains are presented in figures 5.11a- 
d. The true dihedral angle distribution spreads out up to 10 % strain and correspondingly 
the standard deviation also increases in this strain range. Beyond 10 % strain the spread 
in the true dihedral angle distribution reduces gradually with increasing strain leading 
to a small decrease in the standard deviation. The relative frequency of 120° class of 
true dihedral angle distribution decreases in the strain range between 0 to 10 % followed 
by slight increase with increasing strain (figure 5.11b). On the other hand, the relative 
frequencies of 1 10° and 130° classes of true dihedral angle distribution are observed to 
increase up to 10 % strain followed by a gradual decrease with increasing strain (figures 
5.11c-d). Thus it may be concluded that below 10 % strain the grain boundaries shift 
towards a non-equilibrium state (due to accumulation of EGBDs) with increasing strain. 
However, above 10 % strain the decrease in standard deviation and increase in relative 
frequency of 120° class suggests a partial recovery of non-equilibrium grain boundaries. 

The dependence of Hall-Petch parameters oo(e) and K(e) on strain at 400 C can be 
understood from the above results. The increase in cro(e) with strain at a given temper- 
ature can be ascribed to the increased resistance for the movement of dislocations in the 
grain interior. The increased resistance is due to the increase in the density of dislocations 
in the grain interior and the long range stress field associated with EGBDs (discussed in 
section 5.1.2). On the basis of the observed geometrical changes (grain aspect ratio, gram 
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Figure 5 9. TDA distributions in the samples of batch 2 with gram size, d =4.0gm, 
deformed at 400°C up to various % strains: (a) 0 (b) 5 (c.) 10 and (d) 20. 
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Figure 5.10: TDAs distribution in the samples of batch 2 with grain size, d =29.0/xm, 
deformed at 400 °C up to various % strains: (a) 0 (b) 5 (c) 10 and (d) 20. 
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Figure 5.11: Variation of different parameters of TDA distribution: (a) standard de\iation 
(b) relative frequency of 120° class (c) relative frequency of 110° class and (d) relative 
frequency of 130° class with strain for different grain sizes at 400 °C. 
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shape factor and true dihedral angles distribution) in the microsf rurinn; as a function, of 
strain at 400 °C, it is concluded that in the intermediate temperature rang- CJMO {> C to 
600 °C) the dislocation density in the grain interior as well as in the grain boundary re- 
gion increases with strain. This is also supported by the mirrohardness results presented 
in figures 4.52a, and 4.54a. The hardness of both the grain interior and grain boundary 
region increases with increasing strain as illustrated in figure 4.52a. ('mv .ponduigly the 
average microhardness increases with increasing strain at 400 ’ (figure 4.54a). It may be 

seen from figures 4.53a-c that for samples deformed beyond 5 ( X strain, the mirrohardness 
profile across grains is higher at 400 °C as compared to room temperature. 'This can be 
explained on the basis of dynamic strain aging which occurs in the temperature range of 
200 °C to 600 °C. Due to locking of dislocations by solute atoms, the dislocation density 
at 400 °C can be expected to increase at higher rate than at room temperature. This con- 
clusion is in agreement with the substructural observations of Kashyap ft al. [41] in the 
same material as shown in figures 5.4b and 5.12b. In spite of higher dislocation density in 
grain interior at 400 °C, a Q (e) is lower than that at room temperature. This reflects the 
dominance of thermal effect on the lattice flow. The thermal energy aids the movement 
of dislocations in overcoming barriers and thus leads to a lower value of rr 0 (< ). 

The variation of the Hall-Petch parameter K(e) with strain as shown in figure 4.37b, 
can also be correlated to the microstructural changes with strain. Initially below 2 % 
strain there is no significant change in K(e) with increasing strain at 400 °C. This can be 
interpreted as a combined effect of accumulation of EGBDs and dynamic strain aging. It 
was suggested by Sangal et al. [63] that the presence of EGBDs at grain boundaries leads 
to increase in the density of potential sites where dislocations can be generated. Thus 
K(e\ which is a function of stress required to generate dislocations would decrease with 
increasing density of EGBDs and (as discussed in section 5.1.1), K{e) initially decreases 
with strain at room temperature. However, in the temperature range between 200 °C to 
600 C, the dynamic strain aging increases the stress required to propagate slip across 
grain boundaries. Also the dynamic strain aging is suggested to occur more favourably 
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in the grain boundary region [52.88], On the basis of humps in the how stress versus 
temporal, me nu\( i . it was concluded that dynamic strain aging is more pronounced in 
small gram regime [52. $8], Thus the combined effect of EGBDs and dynamic strain 
aging loads to only a small change in K{e) below 2 % strain in the temperature range 
from 200 "r to 000 °C. With increasing temperature, the drop in I<(e) below 2 % strain 
decreases as seen from figure 4.371). The increase in jerkiness in the load elongation 
curves with increasing temperature in the temperature range of 200 °C to 600 °C reflects 
the increasing influent. e of dynamic strain aging. Thus the dominance of dynamic strain 
aging over EGBDs accumulation leads to decreased drop in K(e) below 2% strain with 
increasing temporal urc. 


With increasing strain the density of dislocations in the grain boundary region in- 
creases. The mierohardness results (figure 4.52a) also illustrate the increase in hardness 
in grain boundary region with increasing strain at 400 °C. This increased dislocation den- 
sity hinders in the propagation of slip across grain boundary region. The combined effect 
of increased dislocation density and dynamic strain aging leads to an increase in K(e) 
with strain at 400 °C. The observed decrease in K(e) beyond 10% strain is attributed to 
the onset of dynamic recovery processes which become favourable in the grain boundary 
region due to a substantial increase in dislocation density. The recovery" processes lead 
to the formation of cell structure by the rearrangement and annihilation of dislocations. 
The formation of ceil structure at higher strain is confirmed from the TEM observation 
of Kashvap et al [41] as shown in figure 5.12b. It is to be noted that beyond 10% strain 
there is no significant change in the true dihedral angle distribution observed. This is a 
significant observation ms it suggests that no further changes in the energy state of grain 
boundaries took place due to simultaneous accumulation and annihilation of dislocations. 
Therefore, with increasing temperature the recovery processes start at lower strain. This 
results in a decrease in the strain, corresponding to the maximum 7T(e), with temperature 
(see figure 4.37b). 

Considering the variation of microst ructural parameters with strain at 800 C in the 
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coarse grain regime, no significant change in the grain size (see table 1.10) .and the grain 
size distribution (figure 4.44e) are observed at different strain level*. This implies that 
even at 800 °C grain growth and dynamic recrystallisation do not occur during plastic 
deformation. Below 5% strain, the grain aspect ratio increases whereas the grain shape 
factor decreases with strain. However, above 5% strain, there is no significant, change 
observed m these parameters with increasing Strain as seen from figures 4.44r-d. The 
micrograph (figures 4.42a) at 5% strain show elongated grains as well as some curved or 
bulged grain boundary segments. The elongation of grains suggests that hit r agranular 
dislocation slip is the dominant mode of deformation. Beyond 5 % strain, bulging in grain 
boundaries becomes increasingly prominent (figures 4.421m*) while there is no significant 
change observed in the grain aspect ratio and grain shape factor with increasing strain 
(figures 4.44c-d). Hence the contribution of grain boundary sliding and migration to 
overall deformation of the polycrystal can no longer be neglect, ed. The increjise in grain 
interior and grain boundary hardness and correspondingly average niicrohardness below 
5% strain and subsequently no significant change in hardness values as presented in figures 
4.52b and 4.54a also support the above conclusion. 

The relative frequency of 120° class of the plane dihedral angle distribution decreases 
up to 5% strain and subsequently increases with increasing strain (figure 4.44b). Accord- 
ingly the standard deviation of plane dihedral angle distribution increases followed by 
decrease beyond 5% strain (figure 4.44a). The above trend can be seen much more clearly 
in the case of the distribution of the true dihedral angles (see figures 5.15a-l)). The spread 
(around 120° class) in the distribution increases with increasing strain up to 5% strain 
(see figures 5.13a-b and 5.14a-b). In the same strain range the standard deviation also 
increases (figure 5.15a). While for strains greater than 5% strain, the spread as well as the 
standard deviation decreases with increasing strain. The relative frequency of 120° class of 
true dihedral angle distribution decreases in the strain range of 0 to 5% strain followed by 
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Figure 5.13: TDA distributions in the samples of batch 2 with grain size, d =4.0^m, 
deformed at 800 °C' up to various % strains: (a) 0 (b) 5 (c) 10 and (d) 20. 




Figure 5.14: TDA distribution in the samples of batch 2 with gram size, d -29.0/rm), 
deformed at 800 °C up to various % strains: (a) 0 (b) 5 (c) 10 and (d) 20. 
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Figure 5.15: Variation of different parameters of TDA distribution: (a) standard deviation 
(b) relative frequency of 120° class (c) relative frequency of 110° class and (d) relative 
frequency of 130° class with strain for different grain skes at 800 °C. 
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an inn with increasing strain (figure 5.15b). Similarly the relative frequencies of 110° 
and 130” ''busses of true dihedral angle distribution are observed to increase below 5% 
strain and decrease with increasing strain for strains greater than 5 % (figures 5.15c- 
d). The above variations in the true dihedral angle distribution below 5 % strain at 
800 °( suggest, that the grain boundaries transform from equilibrium to non-equilibrium 
structure. However above 5 % strain, the increase in 120° peak of true dihedral angle 
distribution (figuie o.lob) leads to the conclusion that there is a decrease in the energv 
state of grain boundaries. Ibis can be achieved by recovery processes at grain boundaries 
such as. annihilation of EGBDs. This is in agreement with the microhardness results 
(figures 4. Tib) which show increase in hardness in the grain boundary region up to 5 % 
strain and thereafter no significant change with increasing strain. 

The variation of <7o(*) and /v( <) with strain at 800 °C can now be explained on the 
basis of the above discussion. The values of o^e) below 5 % strain at 800 °C is slightly 
higher than that at 400 °C and 600 °C7. However above 5 % strain <j 0 (e) is significantly 
lower than the ctu responding value at 600 °C as shown in figure 4.37a. The load elon- 
gation curve's at 800 °C also show the jerky behaviour in the lower strain range. Thus 
the presence of dynamic strain aging in the lower strain range and the dominance of in- 
tragranuiar dislocation slip leads to a more or less comparable dislocation density that 
would be expected at 400 °C and 600 °C at lower strains. This is in agreement with the 
substruetural observations of Kashyap et al. [41]. On the basis of the grain geometry 
changes, it is expected that the contribution of grain boundary sliding and migration 
becomes important to the overall deformation of the polycrystalline samples. Above 5% 
strain, the onset of the annihilation of EGBDs would occur leading to a decrease in the 
long range stress field associated with EGBDs. This subject will be considered in greater 
detail in section 5.3. The TEM observation of Kashyap et al. [41] also show the forma- 
tion of cell structures in the grain interior (figure 5.16b).The formation of cells as well as 
reduction in long range stress field of EGBDs at 800 °C result in a lower value of 0 o(e) as 
compared to that observed at 600 °C. 
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The Hall-Petch parameter K(e) at 800 °C at a given strain is much lower than that 
observed at other lower temperatures, as shown in figure 1.37b. Kit | inereuses slightly 
up to 2 % strain and beyond 2 7c strain, A'(e) decreases with increasing Matin in batch 1. 
In the range of small strains (up to 5% strain) the observed changes in the true dihedral 
angle distribution and the hardness m the grain boundary region (as discussed earlier 
in this section) suggest the accumulation of EGBDs leading t.o a decrease in l\(c). On 
the other hand, dynamic strain aging would tend to increase in Kit). Thus the small 
increase in value of K{e) with strain in the strain range of 0 to 2 7 is probably due 
to a more dominant effect of dynamic strain aging over the effect of accumulation of 
EGBDs. However, above 2 % strain the formation of cell structures and the onset of the 
annihilation of EGBDs leads to a decrease in I<(e) with increasing strain. 

The variation of cr 0 (e) with strain in batch 2 also demonstrates a parabolic increase 
at 400 °C and a gradual increase at 800 °C, as shown in figure 4.37a. The behaviour 
of the variation cr 0 (e) with strain is similar in both the batches at a given temperature. 
However, at a given strain and temperature, c7o(e) in batch 2 is lower than batch 1. As 
discussed in section 5.2.1, this difference between the two batches can be undristood in 
terms of the effect of alloying elements ( C, Cr, Ni, Mn, etc.) on the stacking fault energy 
and interstitial strengthening. The dependence of Hall-Petch parameter K(() on strain in 
batch 2 shows similar variation at 400 °C as observed in batch 1 (figure 4.37b). However, 
the value of K(e) at a given strain in batch 2 at 400 °C is higher than that in batch 1. This 
has been discussed in section 5.2.1 in terms of the effect of alloying elements on dynamic 
strain aging. On the other hand in batch 2 at 800 °C, K{e) is negative and becomes less 
negative with increasing strain as illustrated in figure 4.37b. Because of the negative value 
of K(e), the Hall-Petch relation is not valid for batch 2 at 800 °C for the entire strain 
range. The higher SFE of batch 2 probably leads to cell formation at a much smaller strain 
as compared to batch 1. It has been shown by many investigators [ 41 , 52 , 88 . 126-128] 
that the grain size in the Hall-Petch relation should be replaced by cell size. 
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5.2.2. 2 Fine grain regime 

As already discussed in section 5.2.1, the Hall-Petch model is invalid in the fine grain 
regime (< of hatch l in the temperature range of room temperature to 600°C. It 

has also been shown that tint Kooks composite model describes the flow stress dependence 
on grain size in the fine grain regime at temperatures in the range of room temperature to 
600 °C. A detailed discussion of the significance of the Kocks parameters 0o(e) (equation 
5.1) and A'O) (equation 5.2) is given in section 5.1.1. In the temperature range of 200 °C 
to 600 (, f, the fine grain (2.7 /zin) sample exhibits a maximum strain of up to 13 % only. 
Therefore, tin* discussion on the variation of cro(e) and K(e) with strain is limited to the 
strain range of 0 to 10 %. 

Figure 4.38a shows the variation of a 0 (e) with strain at different temperatures. cr 0 (e) 
shows more or less linear variation with strain at all temperatures. As already discussed in 
section 5.1.1, a hard mantle zone is expected to exist prior to deformation in the vicinity 
of grain boundaries. At a given strain the maximum contribution on flow stress is from 
the grain boundary region compared to grain interior region. Thus dynamic recovery is 
favourable at a given temperature and strain in the grain boundary region and almost 
nil in the grain interior region. This leads to the linear increase in <ro(c) with strain in 
the fine grain regime. This is in agreement with the substructural study of Kashyap et 
al. [41] as shown in figures 5.12a-b. However at higher temperature ( 700°C), the subgrain 
formation is also observed at higher strain in fine grains (figure 5.16a). 

The variation of the Kocks parameter K(e) with strain at different temperatures is 
shown in figure 4.38b. At 200 °C, K(e) increases rapidly below 2 % and thereafter re- 
mains nearly constant with increasing strain. This is similar to the variation observed 
at room temperature. As discussed in section 5.1.2, the presence of hard mantle zone 
prior to deformation leads to increase in K(e) even in lower strain range. This presence 
of hard mantle zone (i.e., a large density of dislocations) in the gram boundary region 
leads to the early formation of cell and subgrain structure by dynamic recovery. This 
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interpretation is in agreement with the TEM studies of Kashyap W '41: and Jago et 
al [114]. The occurrence of dynamic recovery is responsible for dm-ea-e in fc,,) above 2 
% strain at 200 °C. At higher temperatures e.g., 400 a C and 600 "(A the combined effect of 
temperature and the dislocations stress field in the grain boundaiy r< *gi«m results in faster 
recovery. This leads to an increase in the rate of decrease in h (< ) with temperature and 
also for temperature greater than 200 °C, K(() decreases with increasing strain starting 
from yield point. 

5.2.3 Effect of temperature on Hall-Petdi parameters 

The variation of Hall-Petch parameters a 0 (e) and A'(e) as a function of temperature in the 
regime where Hall-Petch relation is valid (i.e., coarse grain regime in t lie t emperature range 
from room temperature to 600 °C and the entire grain size range at. 800 °C) are shown in 
figures 4.39a and b respectively. In the fine grain size range up to 6 /mi (the flow stress is 
described by the composite model), the variation of the parameters of Koeks model. a 0 (e) 
and K(e) as a function of temperature are shown in figures 4.40a and b respectively. The 
physical significance of cr 0 (e) in both the Hall-Petch and composite models is identical, i.e., 
<7 0 (e) represents the flow stress of single crystal. K(e) is a grain boundary strengthening 
parameter. It may be observed from figure 4.39a that the general behaviour of f 7 o(f) versus 
temperature is analogous to the well known behaviour of flow stress versus temperature 
in single crystals. In the following sections the effect of temperature on the parameters 
<7o(<0 an d K(e) is discussed separately in the two regimes of grain sizes. 


5. 2. 3.1 Coarse grain regime 

Just as in the case of single crystals, a 0 (e) versus temperature also shows a two stage 
behaviour at lower strain and a three stage behaviour at higher strain (figure 4.39a). Ia 
the first stage (temperature range of room temperature to 200 °C), a 0 (f) decreases rapidly 
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and thereafter in the second stage (temperature range of 200 °C to 800 °C) at lower strains 
(0 to o 1 /) n ti { t) remains more or less constant. However, above 600 °C, there is a small 
incn’ase in o 0 (<) for 0.2 '/( strain, its shown in figure 4.39a as dotted lines. At higher 
strains (beyond ~>%) the second stage extends from 200 °C to 600 °C. The onset of stage 
3 occurs beyond 000 °(' for higher strains. 

The nature of rr„(< ) versus temperature curves can be explained on the basis of Seeger’s 
theory for the variation of flow stress with temperature in single crystals. According to 
the theory tin; How stress for a single crystal has two components: 


T = r a +T S (5.3) 

where t< ; is the temperature independent contribution to the flow stress, which arises from 
the elastic interactions between dislocations; t$ is the temperature dependent contribu- 
tion to the flow stress and is the, stress necessary for the mobile dislocations to cut through 
a dislocation forest,. Forest cutting is a thermally activated process and the activation 
energy decreases linearly with applied stress. As a consequence, should also decrease 
linearly with temperature at a given strain or stress. Beyond a certain temperature, the 
contribution from r s - would vanish and therefore from equation 5.3, r becomes temper- 
ature independent. Thus the decrease in cr 0 (e) in the first stage may be predominantly 
1 due to the linear decrease in r s with temperature. The gradual decrease in a 0 (e) with 
temperature in the second stage is primarily due to the decrease in r G because of the de- 
crease in shear modulus with temperature. This is confirmed from the variation of <7 0 (e)/E 
with temperature which shows almost no decrease with temperature in the second stage 
as depicted in figure 5.17a. Further, the relaxation of EGBDs in this temperature range 
(as discussed in section 5.2.2) may also result in a decrease in cr 0 (e) with temperature. 
However the dynamic strain aging (DSA) which occurs in this temperature range leads 
to an increase in a 0 (e) with temperature. Therefore these two effects (EGBDs relaxation 
and DSA) on <7o(e) may neutralise each other. 

~ ! In polycrystals, other factors, such as” the long range stress field of non-equilibrium grain boundaries, 
also have an effect on cro(e) as discussed in section 5.1.1 
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Below 5% strain, as already discussed in section 5.2.2. intragranular dislocations slip i s 
the important deformation mechanism over the temperature range fit tin loom temperature 
to S00°C This has been concluded from the grain geometry changes and mieroiiardness 
profile across grains. The variation of metallographic paiamofeis with temperature at 59c 
strain show comparatively higher grain aspect ratio and lower grain shape factor at 800 °C 
than at lower temperatures as illustrated in figures 4.49c-d. Thus at lower strain due to 
the dominance of dynamic strain aging and intragranular dislocation slip mode over other 
mode of deformation at 800 °C , leads to a more or less comparable dislocation density with 
that expected at lower temperatures. This interpretation is in agreement, with the TEM 
study of Kashyap et al. [41]. The variation of average mieroiiardness with temperature 
below 5% strain also shows a small increase in hardness with increasing temperature. 
Therefore, in the temperature range from room temperature to 800 0 f’, cr u {t) does not 
reveal stage 3 or rapid drop at strain below 5%. 

The drop in a- 0 (e) with temperature for strains above 5% in stage 3 cannot, be explained 
on the basis of the above discussion. However it can be interpreted cm the basis of high 
temperature recovery processes. Above. 600 °C, the formation of cell structure at higher 
strains involves the rearrangement and annihilation of dislocations, the activation of climb 
processes and annihilation of EGBDs at grain boundaries. The annihilation of EGBDs at 
grain boundaries leads to a decrease in back stress on mobile dislocations. These processes 
leads to a rapid drop in cr 0 (e) at higher strains (above 5%) beyond approximately 60Q°C 
as shown in figure 4.39a 

• For strains higher than 5%, the nature of the variation of the metallographic param- 
eters (grain shape factor and grain aspect ratio) with temperature is gradually reversed. 
This can be seen from figures 4.50a-e (at 10% strain) and 4.51a-c (at 20% strain). Above 
5% strain, the increase in microhardness at intermediate temperature (400 °C), as shown 
in figures 4.53b-c and 4.54b, arises due to the effect of dynamic strain aging (discussed 
m section 5.2.2). The rapid drop in hardness in the higher temperature region coupled 
with the observed grain geometry changes indicates that with increasing strain the de- 
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formation nice 


and migrat ion 


mnism shifts from mt,ra R ramilar dislocation slip to grain boundary sliding 
1 ho norimonoo of faster recovery processes as mentioned above at higher 


strains leads to a rapid drop m a 0 (f) at higher temperatures. 


I he \atiation of the Ihdl-l etch parameter A (e) with temperature at different strain 
levels shows thtee stage behaviour as depicted in figure 4.39b. However, it mav be noted 
from this figure that at intermediate strains the first stage is not prominent. In the 
first, stage (temperature range from room temperature to 200°C), K(e) decreases with 
increasing temperature. A(<) remains more or less unchanged or gradually decreases 
with increasing temperature in stage 2 (from 200 °C to 600 °C). Stage 3 proceeds with 
the rapid drop in K(t) at appioximately at 600°C. Armstrong [59] demonstrated that 
the parameter rr H (t) reflects the deformation processes in the grain interior while the 
parameter A'b) reflects processes occurring in the grain boundary region. Thus the 
general tendency for h'(<) to decrease with temperature is interpreted as a weakening of 
the locking effects at grain boundaries. At lower strains (0.2 % ) the initial decrease in 
K{(.) with temperature is due to the decrease in the short range stress field. Dynamic 
strain aging initiated tit. the end of this stage (at temperature above 200 °C) leads to an 
additional locking at the grain boundaries. Thus the rate of accumulation of dislocations 
in the grain boundary region becomes higher in the DSA temperature range. This leads to 
very small differences in the values of Af(e) in the intermediate strain levels. However at 
higher strains cross-slip of dislocations becomes more favourable at 200 °C than at room 
temperature (figure 4.37b) and hence there is an initial decrease in K(e) with increasing 
temperature as illustrated in figure 4.39b. 

After normalising K(e) with respect to elastic modulus a small or no variation in K(e) 
with temperature is observed in the temperature range of 200 °C to 600 °C as shown m 
figure 5.17b. This may be attributed to the combined but opposite effects of dynamic 
strain aging and relaxation of stress field of EGBDs. The dynamic strain aging results to 
increase in K{r) value with increasing temperature. On the other hand, the relaxation 
of stress field of EGBDs in this temperature range takes place by the process of core 
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widening or dissociation into dislocations with small burger vectors. I he reduction in the 
stress field of EGBDs at the grain boundaries directly leads to a dccrea.sc in the value of 
K(e) (see section 5.3 for detail). The variation of average microhanmess with tempera- 
ture as depicted in figure 4.54b also reveals the increase in hardness m the intermediate 
temperature region. This type of variation in A'(e) with temperature is also obseived by 
Kutumba Rao et al. [88], Mannan et al. [52] and Armstrong [59] . 

The rapid drop in K{e) above 600 °C may be ascribed to the recovery processes at and 
in the vicinity of the grain boundaries. The process of annihilation of EGBDs at the grain 
boundaries (to be discussed detail in section 5.3) and the occurrence of faster cross-slip 
of dislocations above 600 °C ( discussed in section 5.2.2) lead to a. rapid drop in A(f). 
The variation of average microhardness with temperature also reveals the rapid drop in 
hardness at higher temperature range as shown in figure 4.54b. 


5. 2. 3. 2 Fine grain regime 

As discussed in section 5.2.2, the Hall-Petch model breaks down in the fine grain regime 
(< 6 fj,m) over the temperature range of room temperature to 600 °C. However Kocks 
composite model describes the flow stress dependence on the grain size adequately in this 
regime of grain size in above temperature range (from room temperature to 600 °C). The 
variation of the parameters of Kocks composite model , cr 0 (c) and K(t) (parameters of 
composite model) with temperature at different strains are shown in figures 4.40a and 
b respectively. The decrease in a 0 (e) with temperature at 0.2% strain is in agreement 
with Seeger’s theory as discussed in the previous section. However, at higher strains ao(e) 
decreases below 200 °C followed by a hump in the intermediate temperature (400 °C). 
Since a 0 (e) represents the resistance to dislocation motion in the grain interior, the increase 
in CT 0 (e) in the intermediate temperature range reveals the occurrence of dynamic strain 
aging (DSA) by which the additional locking in dislocation movement takes place. This 
effect can be more clearly seen in the variation of a 0 (e)/E with temperature in figure 
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5.18a. Further, slow decrease in cr 0 (c) above 400 °C occurs due to tlie temperature assisted 
cross-slip of dislocations. 

In the temperature range of room temperature to 200 °C\ A'(f ) generally shows slow 
decrease with increasing temperature as illustrated in figure 4.1()b. In this region the 
thermal activation aids the overcoming of short range stress field and it results in the 
decrease of Jt'(e) with temperature. Above 200 °C, the combined effect of a work hardened 
mantle zone in the vicinity of the grain boundary and temperature leads to dynamic 
recovery via easy cross slip and cell formation. In addition to this, the relaxation of stress 
field of EGBDs above 200 °C as discussed above leads to rapid decrease in K{(). This 
decrease can also be seen in the variation of K(e)/E with temperature (figure 5.18b). It is 
clear from figure 4.40b that the rate of drop in I\(e) increases with increasing strain. This 
is primarily due to the faster dynamic recovery with increasing strain. The initial slow 
decrease in K(e) observed in figure 4.40b is due to the effect of temperature on elastic 
modulus This is clearly evident in the normalised plots of K{()j E versus temperature 
in figure 5.18b. 


5.3 Effect of temperature on flow stress 

There are two contributions to the flow stress of polycrystals: (i) contribution from the 
grain interior and (ii) contribution from the grain boundary and its vicinity. The first 
term, in both the Hall-Petch model (equation 2.18) and the composite model (equation 
2.34), represents the grain interior component of flow stress, while the second term in 
the two models represents the contribution from the grain boundaries and their vicinity. 
In order to analyse the variation of the relative importance of these two components 
as a function of strain, grain size and temperature, the fractional contributions of the 
grain interior (C l ) and the grain boundary regime (Cj) are calculated. The fractional 
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contribution from the grain interior (C z ) is defined as: 

cro(e) 


a 


a(e) 


(5.4) 


where, a 0 (e) is the parameter in equation 2.18 (Hall-Pot, ch model) or m equation 2.34 
(composite model). Similarly the fractional contribution from the grain boundary regime 
(Cb) is defined as: 


C b 


K(e)d' 


- 1/2 


also, 


Cb — 


(7(e) 

K(e)d~ l 

a{e) 


(5.5) 


(5.6) 


where, K(e) in equation 5.5 corresponds to the parameter in equation 2.18 (Hall-Petch 
model), and K(e) in equation 5.6 corresponds to the parameter in equation 2.34 (com- 
posite model). cr(e) is the overall flow stress of the polycrystal. It is clear from above 
that the values of C t and C b will vary between 0 to 1, and the sum C\ + C\ will always be 
unity. 


The variation of C t and C b with temperature at different strains in samples of various 
gram size are shown in figure 5.19. In the fine grain regime (< 6 fim) at low strains (below 
2 %), C z is negligible as compared to C b in the temperature range of room temperature 
to 600 °C (figures 5.19a-b). At strains beyond 2% in the above temperature range, C b 
remains higher than C x . However, above 600 °C, C b rapidly decreases and consequently 
C % increases with temperature at all strains. It can also be observed from figures 5.19a-b 
that at a given temperature, C b decreases while C* increases with increasing strain. In 
the coarse grain regime (> 6 fim), C x is comparatively higher than C b at a given strain in 
the entire range of temperature from room temperature to 800 Q C (figures 5.19c-d). Thus 
it can be concluded that the contribution to flow stress shifts from the grain boundary 
dominance to the grain interior dominance with increasing grain size and strain. Also the 
rapid drop in flow stress with temperature at approximately 600 °C (see figures 4.32a-d) 
in the fine grain regime can be mainly attributed to the rapid drop in the contribution 
of the grain boundaries to flow stress. While in the coarse grain regime, at strains above 
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2%, both the contributions from the grain interior and the grain boundary region are 
responsible for rapid drop in the flow stress at temperatures above 600 °C. 


As discussed m section 5.1.1 that prior to deformation, the substructure of fine grained 
specimens consists of haid mantle zone in the grain boundary region, while in the case 
of coarse grained specimens, there is no hard mantle zone. At temperatures of 600 °C 
and above, the rapid drop in Ct in the fine grained samples occurs via high temperature 
recovery processes, such as annihilation of EGBDs, as discussed in section 5.2. This 
leads to the experimentally observed rapid drop in yield and flow stress. In the coarse 
grained samples, the occurrence of dynamic strain aging and intragranular dislocation slip 
even at 800 °C for lower strains (as concluded in section 5.2) does not lead to significant 
change in the grain interior contribution over the entire temperature range (from room 
temperature to 800 °C). The small decrease in the grain boundary contribution above 
600 °C is compensated by an increase in the grain interior contribution and no significant 
change in yield stress occurs with temperature in the coarse grain regime. However, at 
higher strains the combined effect of high temperature recovery processes in the grain 
interior and the grain boundary region leads to experimentally observed pronounced drop 
in flow stress above 600 °C (see figures 4.32c-d). Thus it can be concluded that the rapid 
drop in flow stress in the fine grain regime is mainly due to the significant drop in the 
grain boundary contribution to flow stress. The occurrence of high temperature recovery 
processes both in the grain interior and in the grain boundary region is responsible for 
significant drop in flow stress at higher strains in the coarse grain regime. 

Since the flow stress of the fine grained samples is mainly controlled by the grain 
boundary region, the variation of flow stress with temperature at different strain levels 
for sample's of the fine grain sizes can be understood from the knowledge of dislocation 
processes in the 1 grain boundary region. In the following section a model based on dis- 
location dynamics at and in the vicinity of the grain boundaries has been proposed to 
explain the variation of flow stress with temperature. 
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Figure 5.19: Variation of relative contribution of grain boundary regime (C&) and grain 
interior regime (C t ) with temperature at different strain levels in the sample with grain 

sizes: (a) 2.7 /tm, (b) 4.5pm, (c) 18.3pm and (d) 64.0p.m. 
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5.3.1 A model based on dislocation dynamics to estimate the 
dislocation density at and in the vicinity of the grain 
boundaries 

During plastic deformation, the mobile dislocations interact with the grain boundaries [123, 
129,130] resulting in the creation of extrinsic grain boundary dislocations (EGBDs), as 
shown in figure 2.8a. EGBDs are also created when migrating grain boundaries sweep 
up lattice dislocations during recrystallisation and grain growth, as already discussed in 
chapter 2 (section 2.4). At relatively low annealing temperatures and times (used in 
the production of fine grain size samples), the process of sweeping up of dislocations 
by grain boundaries and subsequent annihilation of EGBDs may remain incomplete. The 
microstructures of the fine grain size samples would contain non-equilibrium grain bound- 
aries and adjacent region of high dislocation density (which has been termed as the 
mantle zone). The stress field of EGBDs can be partially relaxed by the process (dis- 
cussed in chapter 2, section 2.4) of spreading of the EGBDs core [4] or by dissociation of 
EGBDs [131] into a number of dislocations with small burgers vectors. However, as dis- 
cussed in section 5.2.3, such a process can only explain the disappearance of the EGBDs 
contrast in the TEM image but is unable to explain the complete annihilation of EGBDs 
which would require the value of the total burgers vector to go to zero. 

The complete annihilation of EGBDs is believed to occur by the process of climb, 
under the influence of their interacting stress fields, towards the triple points [13, 89] 
as discussed in detail in chapter 2 (section 2.4). There are three processes occurring 
during deformation: (i) the mobile lattice dislocations entering in the vicinity of grain 
boundaries: (n) the interaction of mobile dislocations with the grain boundaries leading 
to creation of EGBDs; and (iii) the annihilation of EGBDs by the process of climb at 
the grain boundaries. Thus the net density of dislocations in the grain boundary region 
can be estimated by the addition of the relative contribution of these processes. In order 
to estimate the net density of dislocations in the grain boundary region, the rate of 
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accumulation of dislocations in the grain boundary region and the rate of annihilation 
of EGBDs is estimated. 1 heso two rates of accumulation and annihilation is added to 
obtain the net density of dislocations in the grain boundary region. 


5.3.1. 1 Rate of accumulation of dislocations at and in the vicinity of the 

grain boundaries 


Ashby’s dislocation model [61] separates the grain interior and the grain boundary region 
with different, densities of dislocations. This occurs because of the difference in dislocation 
behaviour in these two regions [35. 132, 133]. Ashby denoted the dislocation population 
well away from the boundary as ff (statistically stored dislocations) and that in the 
vicinity of tin' grain boundaries by /A (geometrically necessary dislocations), p 9 depends 
on strain (( ) arid grain size (d) as follows [61]: 


// = 


e 

4 Yd 


(5.7) 


where, h is the burger vector. Further, Thompson et al. [57] suggested that p 9 becomes 
independent (ff strain at, higher strains. Bergstrom [134] in his formulation of disloca- 
tion model assumed t hut tin? rate of generation of dislocations with respect to strain is 
directly proportional to the instantaneous dislocation density. And at a constant strain 
tiie dislocation density is found to be inversely proportional to the grain size [135-138]. 
It is proposed by Varin et al. [l l] that the rate of formation of EGBDs is constant for a 
constant strain rate. However, they assumed that the total length of mobile dislocations 
is shared by tin* grain boundaries only. This is not a reasonable assumption because a 
large density of mobile dislocations may remain in the grain interior. 


Thus from above aigurnents. it is reasonable to assume that the rate of accumulation 
of dislocations entering in the grain boundary regime and the subsequent formation of 
EGBDs is inversely proportional to the grain size as follows: ] 


dp 

dt 


I accumulation 


Kx 

d 


(5.8) 
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where. K x is a proportionality constant. The value of A'i can be determined from the 
experimentally measured dislocation density. For a constant strain rate (< ), may be 
considered as a rate function. 


5. 3. 1.2 Rate of annihilation of EGBDs 


The schematic arrangement of EGBDs at the grain boundaries (during deformation) is 
shown m figure 5.20a. Figure 5.20b shows a magnified arrangement of EGBDs at a par- 
ticular boundary and pile-up of dislocations. In this figure, S is the source of dislocation 
generation in the grain interior. At sufficiently high temperatures the EGBDs can be 
annihilated by the process of climb, under the influence of their interacting stress fields, 
towards the triple points [13]. However this climb process results in the displacement of 
adjacent grains which must be accommodated at triple points without destroying the in- 
tegrity of the material. Such a process must result in the migration of the grain boundaries 
over small distances [9]. This is confirmed by the wavy nature of the grain boundaries 
observed in samples deformed at 800 °C (see figures 4.42a-c). Thus for climb of EGBDs 
the required flow of vacancies to the end of extra half planes involves diffusion through 
the lattice as well as the grain boundary. Since diffusion through the lattice is the slower 
process, it would be the rate controlling step. 


Figure 5.20b shows a schematic of EGBDs at a grain boundary at a given strain and 
temperature. From this figure it can be seen that an outward flow of vacancies from triple 
point B, will result in the climb of lead dislocation toward the triple point, while the 
reverse is true for triple point A. According to Grabski et al. [116] and Varin et al. [91], 
the- annihilation occurs by the reaction with other EGBDs climbing to the triple point on 
adjacent gram boundaries. Applying the above hypothesis, Sangal et al [13] obtained the 
rate of annihilation of EGBDs from the consideration of vacancy flow by the assistance 
of stress field of EGBDs as follows: 


dp, _ GVD q exp(-Q / RT)[1 - 2ln{r 0 )/L]p 2 

7, annihilation — zrrz r—r — — — : — 

* 1(1 - v)KT ln(Ra/T 0 ) 


( 5 . 9 ) 
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Vacancy flow 



Figure 5.20: A schematic of (a) pile-up of dislocations and accumulated EGBDs at grain 
boundaries, and (b) Pile-ups and process of annihilation of EGBDs through vacancy flow 

at a grain boundary segment. 


where, (! shear modulus, I ' - atomic volume, D 0 = lattice diffusion coefficient at 
absolute temperature, r () is taken to be equal to the magnitude of the burgers vector, b , 
i ?0 is taken to be half the length (I) of the grain boundary segment 2 , i.e., L/2, Q = 
activation energy for lattice diffusion, p = density of EGBDs, v = Poission’s ratio and 

k = Boltzmann's constant. 


In order to study the effect of test temperature in the present work, it is assumed that 
equation 5 . 9 . which has been derived for the static case, is also applicable dynamically 
during deformation. Thus, from equation 5.9, the dynamic annihilation rate of EGBDs 

2 For ti~T(i<~iT’sTx 'ddHi’ grairiT in two dimensional microstructure, L = 1/2, where l is the mean 
intercept length ami the gram size d has been defined as, d = 1.741 (see section 3.3.2.1) 
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can be expressed as (L in equation 5.9 has been substituted by r//3.2S): 
dp _dp± = ldp == 3.28<?rP 0 ex p(-Q/RT)[ I - 2/n( X'2$b/d)] f r 

^annihilation ~ de~ e dt ~ ed\ 1 - v)k dn(<l/\].:>6h ) 


5. 3. 1.3 Net density of dislocations at and in the vicinity of grain boundaries 


The net rate of accumulation of dislocations in the grain boundary region is the sum of 
both the rates of accumulation and annihilation of dislocations at the grain boundaries. 
Thus from equations 5.8 and 5.10, the net rate of accumulation of dislocations in the grain 
boundary region can be expressed as follows: 


dp 

de 


_ , 

net ^ I accumulation » 


dp. 

{annihilation 


(5.11) 


or, 

f e U = C, - C 2 p 2 (5.12) 

where, 

r-.K, 3.28 GVD 0 exp(-Q/ HT)[1 - 2ln(3.2Sb/d)} 

° l ~T and ’ ~ Idll - v)kTlnW6.56b) ( °' 13) 


Integrating equation 5.12 with the initial conditions: at e = 0, p = po (initial dislocation 


density) . 


f p dp 
P 0 Cl — C2P 2 



de 


By taking partial fractions: 


1 [ f p dp_ fp dp 

2 vc: [Jpo vc; + jc;p + J P0 yc; - vc~ 2P 


or, 


Let, 


7 „ n/^+v ^P + VC^Po 

VC~i-VC~ 2 p %^-^po 


= 2 y/c&t 


'jC\_ ~ vc^po 
\[C[ + VC2P0 


(5.14) 


(5.15) 


(5.16) 


(5.17) 



5.3 Effect of temperature on flow stress 


207 


then, equation 5. 1G can he written as follows: 



(5.18) 


Equation 5.1,8 along with equations 5.13 and 5.17 gives the variation of the net dislo- 
cation density in the grain boundary region with strain, temperature and grain size. 


5.3. 1.4 Computation of the net density of dislocations at and in the vicinity 

of grain boundaries 


In the present ease, tin 1 samples of batch 1 which had been annealed at higher temperatures 
to obtain the coarse grain size (> 6/irn), are free from hard mantle zone (discussed in 
section 5.1.1). 11ms it is reasonable to assume that the starting dislocation density is 
negligible in the samples of the coarse grain sizes. While the samples with the fine grain 
sizes are annealed at. comparatively lower temperatures and times and thus posses hard 
mantle zone in the grain boundary region (see section 5.1.1). Hence, in these samples po 
cannot, be neglected. After giving 2 % strain in fully annealed samples of 316 L austenitic 
stainless steel, Sangal ct al. [13] measured the dislocation density per unit length at the 
grain boundaiies to be of the order of 10 8 /m. Thus a reasonable values of p 0 in the 
sample's of the lino grain sizes can be taken to be 10 9 per unit length. 

From equation 5.18, it can be noted that the net density of dislocations in the region of 
the grain boundaries is a complex function of grain size, strain, strain rate, temperature 
and initial density of dislocations. The values of the various parameters taken for the 
calculation of net dislocation density are listed in table 5.1. 


At low temperatures, the rate of annihilation of EGBDs can be considered negligible 
in comparison to the rate of accumulation. Thus equation 5.11 can be written as follows 


dp 

de lne£ 


dp 

de 


| accumulation 


K i 
d 


(5.19 
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Table 5.1: Values of the parameters of equation 5.18 for 3 1 f > L austenitic stainless steel 


Parameter 

Value 

Reference ; 

k 

1.18 x 10" 23 

[139] | 

G 

8.43 x 10 10 iV/m 2 

(139] i 

j 

V 

8.38 x 10~ 3o m 3 

[13] 

D 0 

1.74 x 10 _4 m 2 /s 

[140] 

Q 

68kcal/mol 

[140] 

b 

2.52 x 10~ 10 m 


P 0 

10 9 /m (in fine grains) 

0 (in coarse grains) 



After integration equation 5.19 becomes 



In coarse grained 316L austenitic stainless steel samples (d = 18.0 /im), p at 2 % strain 
is 10 /m (experimentally measured by Sangal et al. [13]). Substituting the values in the 
equation 5.20, we obtain K\ = 9 x 10 4 . This value of K\ is used for the calculation of p ne t 
at different temperatures, strain and for grain sizes in equation 5.18. 


5 .. 3. 2 Comparison of the calculated variation of dislocation den- 

sity with the observed variation in the flow stress 

Figures 5.21a-d show the dependence of calculated net dislocation density in the grain 
boundary region with temperature for different grain sizes at 0.2 %, 2 %, 10 % and 20 % 
strain levels respectively for po = 0. p net remains more or less unchanged below a certain 
temperature and subsequently drops rapidly with increasing temperature. The effect of 
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initial dislocation density on variation of p net in the fine and in the coarse grain regimes 
are shown in figures 5.22 and 5.23 respectively. It is clear from these figures that the sharp 
transition temperature 1 2 3 * * is a function of grain size, strain and initial dislocation density. 
The variations of net dislocation density m the grain boundary region with temperature 
for fine (d -■ I.ifini) and coarse (d = 64.0 /itn) grain size are shown in figures 5.24 and 
5.25 respectively. I he difference in p ni , t between two grain sizes increases with increasing 
strain. Figures 5.2(m-b show the variation of p net with strain at different temperatures 
for the fine and the coarse grain sizes. p net increases linearly with strain below 500 °C 
and above 500 'V' tin* rate gradually decreases with strain and temperature in the fine 
grain size. While in the; coarse grain size the rate started to decrease above 600 °C with 
strain and temperature ;us shown in figure 5.26b. At a given strain, with, increasing grain 
size the transition temperature, increases (figures 5.27a-b). It can be noted from figures 
5.27a-b that the transition temperature for a given po, significantly decreases in the fine 
grain regime with decrease in grain size. It also decreases with increasing p 0 for a given 
grain size. Figures 5.28a-b show decrease in transition temperature with increase in strain 
for a given grain size and p () . 


From a comparison of the computed results of dislocation density (figures 5.21-5.28) 
and the variations of experimental flow stress and Hall-Petch parameter K(e) with tem- 
perature (figures 4.32a-d, 4.39b and 4.40b), the following important conclusions can be 
drawn. 


1. The general trend of variation of p ne t with temperature for different grain sizes at 
various strains and initial dislocation density, is similar to the experimental variation 
of yield or flow stress with temperature (figures 4.32a-d). 

2. For low initial dislocation density (< 10 6 /m), the transition temperature at 0.2 9 

strain is higher than 800 °C, even in the fine grain size of d = 2.7pm (figures 5.22a-b) 

However, for higher initial dislocation density (10 9 /m), the transition temperature a 

? The temp.-raum- at which the JZt drops by 10% from its stable value 











(UJ / ) (ra / ) 


212 iJi scus sion 

d = 2.7|lm 





Figuie o. 22. Variation of net dislocation density with temperature in the sample of 2.7 
/j,m grain size at 0.2% strain for p 0 values of (a) 0 and 10 6 , (b) 10 8 , (c) 10 9 and (d) 10 10 . 
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d = 64.0(Xm 



400 600 800 1000 1200 1400 400 600 800 1000 1200 1400 

Temperature (°C) Temperature (°C) 

Figure 5.23: Variation of net dislocation density with temperature in the sample of 64 
/ 4 m grain size at 0.2% strain for po values of (a) 0 and 10 6 , (b) 10 8 , (c) 10 and ■,d) 10, 
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400 500 600 700 800 900 1000 400 500 600 700 800 900 1000 


Temperature ( °C) Temperature ( °C) 


Figure 5.24: Variation of net dislocation density with temperature in the sample of 2.7 
A*m grain size at % strains: (a) 0.2, (b) 2, (c) 10 and (d) 20. 
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400 600 800 1000 1200 1400 400 600 800 1000 1200 1400 



400 600 800 1000 1200 1400 400 600 800 1000 1200 1400 


Temperature ( °C) Temperature ( °C) 

Figure 5.25: Variation of net dislocation density with temperature in the sample of 64 
imi grain size at % strains: (a) 0.2. (b) 2, (c) 10 and (d) 20. 
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0.2 /<> si, tain is < lose to (>()() C in the line grain regime. This transition temperature is 
close to the temper atuie at which experimental yield stress drops rapidly in the fine 
grain samples. The measured value of K(e) also significantly drops in the fine grain 
regime at, approximately 600 °C at 0.2 % strain. This is attributed to the presence 
ol hard mantle zone in the fine grain regime which results in faster recovery by the 
annihilation of hXJBDs even at 0.2 % strain. 


3. For the eoaise grain size at < l() fi /m, the transition temperature is very high. 
For example, lot d 04.0 //.in, the transition temperature is greater than 1000 °C at 
0.2 % strain. Therefore, the presence of very low or almost zero initial dislocation 
density in the grain boundary region in the coarse grain regime (as discussed in 
section 5.1,1, equilibrated grain boundaries are present prior to deformation) leads 
to a high value of t ransition temperature. Consequently there is no significant drop 
iti the yield stress in the samples of coarse grain size up to 800 °C (figure 4.32a). 

4. The transition temperature decreases with increasing strain for a given p 0 and grain 

size (figures 5.28a-b). Since in the present investigation, the testing in tension has 
been done at 200 °6 Y intervals, the flow stress and Hall-Petch parameter I<(e) seem 
to drop at 600 °C at all strains in figures 4.32a-c and 4.39b . However, it may 
be noted that the difference in the value of flow stress and JRT(e) at 600 °C and 
800 °C increases with increasing strain. Thus it can be stated that the the variation 
of transition temperature with strain is in the agreement with the experimentally 
observed variation of flow stress and I((e). [ 

5. There is no significant difference in the net dislocation density with the grain size 
below the transition temperature at 0.2 % strain and po = 10 J /m (figuic 5.24a). 
However with further straining, p n p.t increases with decrease in the grain size below 
the transition temperature (figure 5.24b-d). Thus the variation of dislocation density 
in the grain boundary region in the samples of different grain sizes with strain suggest 
that the Hall-Petch parameter I<(e) will not be the same for the entire range of grain 
sizes (both in coarse and fine regimes). This would result in scatter of data in the 
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Hall- Fetch or in composite plots with increasing strain. Further, the variation of 
dislocation density in the grain boundary region is more significant in the fine grain 
regime at higher strain (figure 5.24b-d), which suggests more scatter in Hall-Petch 
and composite plots with increase in strain. The above conclusions are in agreement 
with the experimental results (figures 4.33a-d and 4.35a-c). 

6. At transition temperatures or above, p ne t is significantly different for different grain 
sizes even at a low strain (0.2 % ), as shown in figure 5.21a. Thus near or above the 
transition temperature, the the Ilall-Fetch data would show wide scatter (wen at 
lower strains. The experimental results shown in figures 4.33a-d and 4.35a-c confirm 
this conclusion. 

7. The rapid chop in p nrt above the transition temperature suggests that the recovery 
rate is very fast due to the annihilation of EGBDs. Under these conditions, the 
grain boundaries would not act as a barrier to dislocations movement. In fact the 
grain boundaries would act as sinks for dislocations. Also, the hard mantle zone will 
not remain in the grain boundaries region due to the fast recovery. Therefore the 
composite as well as the Hall-Petch relation cannot be used as grain size strength- 
ening models above the transition temperatures. This is also in agreement with the 
Hall-Petch plots at 800 °C (figure 4.33d) which show wide scatter in data. 


The above conclusions suggest that the developed model is able to scmi-qualitativcly 
describe the variation of flow stress and Hall-Petch parameter K(e) with temperature. 


5.4 Strain hardening behaviour 

I Ik; strain hardening behaviour of 3 J G Fj austenitic stainless steel over wide range of tom- 
pci aturc and grain size is discussed below. 
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5.4.1 Stress-Strain relation 


There are several empirical relations (equations 2.13 to 2.17), which are commonly used to 
represent, the true stress-true strain curves in the plastic region of polycrystalline metals. 
The above empirical equations are reproduced below. 


a Iiji c n " ( Hollomon ) 

a ~ 0 {) \ Kj,( n, ‘ ( Ludwik ) 

(T ' r*K - (o a - er,)f (Voce) 
hs { ( i t ( ) n,s ’ (Krupskowski/ Swift) 


a ■ ■ l\\< nx V c,xp(K-i + n-zf) {Ludwig son) 

One of t ho most commonly used relation to model the stress-strain curves is the Hoi-! 
lomon relation (equation 2 . 13 ). The Hollomon parameters n # and Ku are determined 
from the slope* and intercept of log a versus log e plots. Figures 5.29a-c show these plots 
in the line and the coarse grain regimes and temperatures of room temperature, 400 °C : 
and 800 ° 0 . It can lx* seen that at low (room temperature) and intermediate (400 °C) 
temperatures, each curve can be delineated into three different regions I, II and III cor- 
respondings to lower, intermediate and higher strain regimes respectively. The values of 
Hollomon parameters in regions I and III are given in table El of appendix E. Region II, 
is a transition regime between I and III. The transition strain between regions I and II 
(612) and between regions II and III (£23) are a ^ so included in table El (appendix E). At 
high temperature (800 °(J), only a single set of parameters n H and K H can describe the 
stress-strain curves over the entire strain range. 

Ludwig, son relation (equation 2.17), which is a modified Hollomon relation, is also 
commonly used to characterise the stress-strain curves of low SFE materials, such as 
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austenitic stainless steel (discussed in chapter 2, section 2.5). The first term in this 
relation is the Hollomon relation in region III (at high strain range). The second term at 
a given strain is the difference, A (illustrated in figure 5.29a), between the observed true 
stress and the stress calculated by the Hollomon equation (fitted in region III) extended 
to lower strains. The values of n 2 and K 2 were evaluated from the slope and intercept of 
the regression line of In A versus In e plot. These values for different temperatures and 
grain sizes are included in table El of appendix E. 


The minimum strain, <7,, above which the Hollomon equation(2.13) fits the data, has 
been evaluated by setting the ratio of A to K\e n \ equal to some arbitrary small value, r, 
as: 


. exp(K 2 + n 2 e) 

~ T 

In this equation 5.21, the commonly used value of r = 


(5.21) 


0.005, is used to evaluate c j r 


Ludwik relation (equation 2.14) is also frequently used to represent the stress-strain 
curves of low SFE materials. Plots of log ^ versus log e are obtained for different 
temperatures and grain sizes as shown in figures 5.30a-c. Each curve in these figures 
can be delineated into more than one linear region. The slope of each linear region gives 
the value of n L - 1 and the intercept gives the pi oduct n h K h . Using the slope and intercept 
values, Ludwik parameter er 0 can be easily calculated for different regions from equation 
2.14. For the sake of completeness, the values of the Hollomon and Ludwik parameters 
for different strain regimes are given in tables El and E2 respectively of appendix E. An 
optimum set of parameters of Ludwik equation were derived for the entire range of stress- 
strain data using an optimization method (see appendix C), and listed in table E3 of 
appendix E. Swift relation (equation 2.16) did not produce a good fit to the experimental 
stress-strain curves and therefore it will not be analysed any further. 

The Voce relation (equation 2.15), which is not much discussed in the literature is also 
analysed. The optimum values of Voce parameters <7,, tr, and ny, are estimated for a 
given stress-strain data by using an optimization method (see appendix C) and listed in 
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t.al)l<* El of <*PP ( < l<'t to compare the applicability of above relations over the 

entire stiain range, the statistical error (SE) was estimated as follows: 


SE = 


■£-a=l {^ itcal O' i ,exp) 

N(N-l) 


1/2 


(5.22) 


where, N is the number of data points, Oi^ai and Oi fiX p are the calculated and experimental 
stress value at i ,h strain ( e*). 


The comparison between statistical error (SE) is made by determining a single set of 
parameters for different, relations over the entire strain range and presented in table 5.2, 
It can be seem from table 5.2 that the estimated error is generally less in the case of using 
Voce relation as compared to other relations at different temperatures and for grain sizes 
Comparison between the calculated stress values obtained from different relations witl 
experimental stress over the entire strain range at different temperatures and for differen 
grain sizes are shown in figures 5.31a-c. At low (room temperature) and intermediat 
(400 °(7) temper abacs, the Ludwigson and Ludwik equations fit the data more closely a 
lower strains (< 5%) in different grain sizes. However, at higher strains, the Voce relatio 
follows the experimental data more closely than other relations. At high temperatui 
(800 °C) the Voce equation produces a good fit to the experimental stress-strain dal 
over the entire range of strain as compared to the Hollomon and Ludwik equations. 


5.4.2 Dependence of strain hardening rate on flow stress 

With the increasing test temperature and strain, there is a competition between the stra 
loudening and the dynamic recovery processes, owing to the generation, icarrangemc 
and annihilation of dislocations. To understand the relative dominance of these process 
at different temperatures and strains, the plots of a do/ de as a function of o have be 
widely used to interpret the tensile work hardening behaviour (discussed in chapter 
section 2.4). Data of strain hardening rate for all the different temperatures and grain si 
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Table 5.2: Estimated statistical error (SE) in using different epirical equations at different 
temperatures and grain sizes 


d 

T 

SE in using Eq. of 

T 

SE in using Eq. of 

(fim) 

co 

Ludwik 

Ludwigson 

Voce 

co 

Ludwik 

Ludwigson 

Voce 

2.7 

25 

3.71 

12.55 

5.02 

200 

4.38 

15.62 

5.42 

3.9 


2.08 

6.48 

| 


1.80 

6.96 

1.34 

4.5 


1.82 

3.69 

1.52 


3.10 

6.16 

1.40 

6.0 


1.59 

2.24 

1.66 


1.96 

5.55 

.23 

9.0 


1.25 

3.04 

.57 


.92 

2.85 

.61 

18.3 


1.11 

2.35 

1 


.65 

1.93 

.95 

26.5 


1.31 

2.10 

.67 


.61 

1.31 

.88 

64.0 


1.52 

.94 

3.02 


.62 

1.38 

.89 

2.7 

400 

1.49 

19.06 

.86 

600 

4.76 

21.53 

6.37 

3.9 


2.62 

8.18 

.81 


3.24 

6.32 

3.38 

4.5 


1.48 

3.05 

1.28 


1.53 

6.01 

.73 

6.0 


.73 

2.47 

1.07 


.83 

1.58 

1.07 

9.0 


1.74 

2.59 

.77 


.79 

1.01 

1.77 

18.3 


.84 

1.16 

1.48 


.76 

.81 

1 .00 

26.5 


.52 

1.08 

1.20 


.57 

1.87 

.87 

64.0 


.45 

.54 

.73 


.78 

.97 

.89 

2.7 

800 

.58 

3.08 

.51 





3.9 


80 

3.16 

.29 





4.5 


.21 

4.98 

.39 





9.0 


.43 

7.07 

.59 





18.3 


.51 

5.65 

.41 





26.5 


.71 

3.88 

.58 





64.0 


.94 

4.79 

.33 
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0 0.1 0.2 0.3 0.4 


True Strain (Plastic) 

Figure 5.31: Comparison of stress vs strain curves calculated by using different strain 
hardening equations: (a) at room temperature and 400 °C, (b) at 800 °C for 2.7 gm grain 
size and (c) at S00°C for 26.5 /im grain size. 
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are analysed. However. only a few representative plots for the fine and the coarse grain 
sizes at low (room temperature), intermediate (400 °C) and high temperature (S00°C) 
are shown in fi; gmes ->.32 to ->.34. All the plots of a d versus a in general show three stage 
behaviour. (1) initial transient stage, where 06 decreases rapidly, (2) a plateau or hump 
region, defined usually as stage II. and (3) stage III where ad again decreases due to 
onset of recovery. I he initial region of rapid decrease in a 6 with a in austenitic stainless 
steel can lx 1 attributed to the. stabilisation of the plastic strain rate associated with the 
dislocation density [Ml]. It can be noted that the derivative of Ludwik and Ludwigson 
equations follow the experimental ad more closely at lower stresses and Voce equation 
predicts aO more accurately at higher stresses. 

Figures 5.35a-b show the variation of experimental ad with a for the fine and the coarse 
grain sizes at different temperatures. The ad values in figures 5.35a-b fall in a narrow 
range in the temperature range of 200 °C to 600 °C. This suggests the dominance of DSA 
in the above temperature range of 200 °C to 600 °C. It can also be noted from above 
figures that with increasing temperature, due to process of dynamic recovery, the drop in 
ad starts at lower stress. 

5.4.3 Effect of grain size and temperature on various parameters 
of empirical equations 

Before coming to any conclusion about the fit of experimental stress-strain data with am 
empirical equation, it is desirable to study the physical significance of its parameters [44] 
As discussed above, the Voce equation in general follows the experimental stress-straii 
data more closely than other relations. Therefore in this section the variation of parair 
eters of Voce relation, with grain size and temperature is discussed. Figures 5.36 to 5.3 
show the variation of Voce parameters with strain and temperature respectheh. Both tt 
saturation stress (a s ) and n v exhibit similar type of variation with grain size and tempe 
ature. These parameters decrease with an increase in the grain size at room temperatur 
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Figure 5.33: Variation of aQ with stress at 400 °C for 
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Figure 5.35: Variation of oO with stress at different temperatures for grain sizes 
2.7/um and (b) 26.5/im. 
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This is due to the presence of hard mantle zone in the fine grain regime (discussed in 
section 5.1.1). These parameters at elevated temperatures generally increase rapidly with 
the increasing grain size in the fine grain regime followed by a gradual increase in the 
coarse grain regime. This arises due to the increase in the rate of recovery processes 
with decrease in the grain size (see section 5.2). With increase in temperature these pa- 
rameters reveal in general an initial decrease up to 200 °C followed by a plateau/hump 
in the temperature range of 200 °C to 600 °C (DSA range of temperature), and beyond 
approximately 600 °C, rapid drop takes place due to onset of recovery' processes. 

The variation of calculated yield stress ( cr x from Voce equation) with grain size (fig- 
ure 5.37a) demonstrates more or less similar type of behaviour as observed in the case of 
experimental Hall-Petch plots ( figures 4.15, 4.33a-d). The calculated yield stress (cy) also 
reveals similar type of variation with temperature as observed in the case of experimental 
yield stress (see figures 5.37b and 4.32a). 

The critical strain (ei) calculated using Ludwigson equation exhibits rapid increase in 
the fine gram regime followed by a gradual increase with the increasing grain size in the 
coarse grain regime (figure 5.39a). The rapid increase in with the grain size can be 
attributed to onset of recovery processes. At a given temperature the recovery starts at 
lower strain with decrease in the grain size due to the presence of high stress field near 
the grain boundaries (discussed in section 5.1.1). Therefore, in the Ludwigson equation, 
cl, is believed to be the transition strain between the planer glide mode of deformation 
to cross slip. t L remains more or less constant in the fine grain regime in the temperature 
range of room temperature to 600 °C and beyond 600 °C it rapidly drops with increasing 
temperature (figure 5.39b). In the coarse grains, cl increases in the temperature range 
of room temperature to 400 °C and thereafter it drops with increasing strain. In general, 
increasing temperature accelerates the recovery processes, however the occurrence of DSA 
in the intermediate temperature range delays the process of recovery. Therefore, the 
variation of e L at a given grain size exhibits either a constant or a small increase with 
increasing temperature (up to 600 °C). 
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Tli(' above discussion can be summarised in the following points: 


1 A single set of parameters of the Hollomon, Ludwik and Swift equations at tem- 
perature* below b()0 "< 1 cannot describe, the stress-strain curves over the entire strain 

nin&<\ 


2 At low (room temperature) and intermediate (400 °C) temperature, the Ludwigson 
as well as Ludwik equations lit the stress-strain data more closely at lower strains 
(< 5%) in diffeient grain sizes. However, at higher strains, the Voce equation follows 
the o\p«*iim«‘iilu! data more closely than other equations (figures 5.31a-c). At high 
ternpetature (HOOV), the Voce equation fits the experimental stress-strain data in 
the entile lange of stiain as compared to the other empirical equations. 


3 \ he n() vaiiation obtained from Voce equation saturates at higher strain or stress. 
On the othci hand, then# monotonic.ally increases with increasing stress for Ludwik 
and Ludwigson iciations, 


4 With inejease in the grain size at room temperature, the Voce parameters (< 7 „ and 
t>\ ) decrease due to the decreasing elFect of the grain boundary on strengthening, 
llowevet, at elevated temperatures, those parameters show increase with increase in 
the giaiu si/e. 1 his is due to the effect of increasing rate of recovery with decrease 
in tin* giaiu size (dismissed in section 5.2). 

5 Like tin* flow stress. and ny also show three stage behaviour as a function of 
temperature. In the intermediate temperature range (from 200°C to 600°) these 
parameters reveal plateau or small increase due to the occurrence of DSA. Beyond 
b00°C, the pit-dominance of recovery processes over the strain hardening results in 
the rapid drop of t hese parameters with increase in temperature. 

(5 The yield stress calculated from the Voce equation exhibits more or less similar type 
of variation as observed in the Hall-Petch plots at different temperatures. It also 
slmws fhtee stage behaviour with temperature just like the experimental variation 
of yield st less. 
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7 From the variation of €l with grain size and temperature, it may be noted that 
the change in mode of deformation from planer glide to cross-slip occurs at lower 
strains with decrease in the grain size and increase in temperature. The change in 
the deformation mode occurs due to the differences in the structure of the grain 
boundaries, as discussed in section 5.2. 

The above observations suggest that the Voce equation in general gives better fit with 
the stress-strain curves. Also the variation of the parameters of this equation with grain 
size and teinpeiature is in agreement with the conclusions derived in previous sections. 


Chapter 6 


Conclusions and suggestions 


The major conclusions of this study can bo summarised as Mows: 


1. In the temperature range of room temperature to 600°C, the Hall-Petch behaviour 
of HlfU, austenitic stainless steel (batch 1) shows two distinctly different linear 
regimes, one in the line grain size range (d < 6 /an) and the other in the coarse grain 
size range (d * 0 /mi). The Hall-Petch parameter K( e) is significantly higher in the 
fine grain regime as compared to that of coarse grain regime at all strains. On the 
other hand, MO is negative in the fine grain regime. Since cr 0 (e) is interpreted as 
the friction stress, there is no physical significance of negative <r 0 (e). Therefore, it 
has been concluded that the Hall-Petch relation is not valid in the fine grain regime 
of batch 1. 

2, The different thermo-mechanical treatments employed to obtain various grain sizes 
in hatch I may lead to differences in the microstructural parameters. The distri- 
bution of grain size and grain shape of annealed samples of both the batches in 
the entire grain size range (2.7 (tin to 64.0 [tin) remains nearly same. However, the 
true dihedral angle (TDA) distribution obtained from the experimentally measured 
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distribution of PDA, by employing the mathematical transform developed in this 
work, reveals a significant difference in the fine and coarse grain regimes of batch 1. 
In the fine grain regime the standard deviation of TDA is higher and the relative 
frequency of 120 0 class of TDA is lower in comparison to the coarse grain regime. 
This suggests the presence of non-equilibrium state of grain boundaries in the fine 
grain regime of batch 1. The lower annealing temperatures employed to get the 
fine grain sizes, are unable to annihilate the EGBDs which are accumulated during 
the process of grain growth. On the other hand the higher annealing temperatures 
employed to produce coarse grain sizes lead to the annihilation of EGBDs and hence 
the grain boundaries are in equilibrium state. Thus the high density of EGBDs as 
well as the lattice dislocations in the vicinity of grain boundaries in the fine grain 
regime leads to the presence of a hard mantle zone. This has also been inferred from 
the results of hardness measurements. 

3. Accordingly the fine grained microstructures may be considered as having two 
phases: a hard phase (mantle zone) in the vicinity of grain boundaries and a soft 
phase (grain interior). Kocks composite model is more appropriate for this type of 
structure rather than the Hall-Petch model. By applying this model in the fine grain 
regime of batch 1 in the temperature range of room temperature to 600 °C , a posi- 
tive value of (Jo (e) at a given strain is obtained which is comparable in magnitude 
to a 0 (e) obtained in the coarse grain regime (using the Hall-Petch relation). 

4. In batch 2 of 316L austenitic stainless steel, a single Hall-Petch relation could de- 
scribe the deformation behaviour over the entire range of grain size (from 2.9 fim 
to 46.0 /mi) in the temperature range of room temperature to 600 °G. If has boon 
shown that the faster equilibration kinetics of the samples of batch 2 as compared 
to batch 1 (due to compositional differences) leads to equilibrated grain boundaries 
in the entire range of grain size and hence there was no hard mantle zone after 
annealing even in the fine grain samples of batch 2. 

5. At 800 °C, the samples of batch 1 and batch 2 revealed a single linear Hall-Petch 



behaviour in the entire range of grain size due to the fact that at this temperature, 
the non-equilibrium grain boundaries in the fine grain regime of batch 1 transform 
to equilibtimn state by the annihilation of EGBDs. However, the Hall-Petch data 
sue highly scattered in both the batches and the scatter increases with increasing 

strain. 


(i. The increase in grain aspect ratio and the decrease in grain shape factor at room 
temperature and 400 °(7 reveal that the main deformation mode is intragranular 
dislocation slip. While no significant change in these parameters at 800°C, demon- 
strate that the grain boundary sliding and grain boundary migration are the impor- 
tant inode of deformation. Thus at 800 °C the pile-up model of Hall-Petch cannot 
b<< applied as the grain size strengthening model. The small positive value of K (e) 
in batch 1 and negative in hatch 2 also strongly support the above conclusion. 


7. The < .ccuu cnee of dynamic strain aging in the temperature range of 200 °C to 800 °C 
i„ the lower strain range (below 5%) and from 200 °C to 600 °C in the entire range of 
strain results in jerky stress-strain curves. This is also reflected as plateau or hump 
between 200 "(Ho 600 °(! in the variation of flow stress, Hall-Petch parameters and 
average mirrohardness with temperature. 


8. Tin- Hull IVU'h pniametcr iuul the kock’s parameter, >“ thc coalsc Iuld finc 

grain regimes of hatch 1, increase with increasing strain at room temperature due 
in the increasing chert of strain hardening in the grain interior. This conclusion is 

in with the increase in grain aspect ratio, grain shape factor and grain 

interior mirrohardness. At. higher temperatures, thc rate of increase in <r 0 («) "' lth 
strain decreases due to the dominance, of dynamic recovery processes over dynamic 
strain hardening. This effect is observed as almost no change m gram aspect ratio, 
grain shape factor and average microhardness with strain at higher temperatures 

(800 °r). 

I). At room temperature, K«) decreases with strain below 2 % followed by an increase 
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with increasing strain. The initial decrea.se in K(e) with stiuin is due to the ac- 
cumulation of extrinsic grain boundary dislocations (EGBDs) which act as a stiess 
concentrators and lead to a significant decrease in the stress required to generate 
dislocations in the grain boundary region. The accumulation and interaction of 
EGBDs at grain boundaries transform the grain boundaries to a higher energy or 
non-equilibrium state. This may result in the formation of a mantle zone in the 
vicinity of grain boundaries. The increase in standard deviation of TDA and de- 
crease in 120° class with increasing strain is in agreement with above conclusion. 
The increase in inicrohaidness in the grain boundary region with strain also sup- 
ports the above conclusion. However, the presence of hard mantle zone in the fine 
grained samples lead to the initial increase in the Kocks composite parameter, K(e) 
with strain followed by a decrease with further straining. At higher temperature, 
both Hall-Petch parameter and Kocks parameter, K(c), decrease with strain due to 
the dominance of grain boundary sliding and recovery process. 

.0. With increasing temperature, generally the Hall-Petch parameters show three stage 
behaviour as decrease in lower temperature followed by a platcau/hump in interme- 
diate temper atuie range and thereafter rapid drop at higher temperatures. How- 
ever, in the lower strain range, the rapid drop in cr 0 (e) is not observed due to the 
dominance of dynamic strain aging effect over recovery processes. The rapid drop 
in the Hall-Petch parameters at higher temperature is mainly due the process of 
annihilation of EGBDs at grain boundary. 


11. In the fine giained samples of 316L austenitic stainless steel, the relative contribution 
of grain intoiior on flow stress is negligible in comparison to the grain boundary 
contribution in the temperature range of room temperature to 600 °C and vice- 
versa above 600 °C. With increase in grain size and strain the relative dominance 
ol grain boundary on flow stress deci eases and thus the grain interior dominance 


increases. Therefore, the rapid drop in the flow stress and the Hall-Petch parameters 
at km ei strain can be described on the basis ol dislocation processes in the grain 
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boundary ration. 

12. A model bused on dislocation dynamics at and in the vicinity of grain boundaries is 
developed to explain the variation of flow stress with temperature. The rapid drop 
in the flow stress as well as the Hall-Petch parameter, K(e) is observed to occur at 
the same temperature at which the net dislocation density in the grain boundary 
region drops inpidly. 

hi. The Ludwik and budwigson equations fit the experimental stress-strain data more 
closely at. lower strains and Voce equation at higher strains at different tempera- 
tures and for various grain sizes. In the overall stress-strain curve, Voce equation 
gives better fit. as compared to the other empirical stress-strain relations. With the 
increase in the temperature and the decrease in the grain size, the strain, above 
which tin* dynamic recovery dominates over strain hardening, decreases. 

Id. The technique developed in this work to estimate the distribution of true dihedral 
angles (TDA) from the experimentally measured distribution of plane dihedral an- 
gles (PDA) is not just limited to 316L austenitic stainless steel. This technique can 
also be employed in any polycrystalline materials. 

The suggestions and the scope for future research are given below. 


• The PDA to TDA transformation can be modified in order to consider all the angles 
at a triple point, jointly. The modified met, hod would then give a joint distribution 
of TDAs at triple edges. This will remove correlation effects (if any) between angles 

at triple edges. 

• This t.eelim<|ue could also bo used to generate a distribution of relative gram bound- 
ary energies. Such a distribution could then be related to the mechanical properties 

of polycrystals. 
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• Better results from this technique can be achieved by accurate measurements of 
plane dihedral angles using automatic image analysis systems. 

• To verify the hard mantle zone in the grain boundary region, the measurements 
of dislocation density both in the grain interior and grain boundary region of an- 
nealed samples through transmission electron microscopy can be done. Also the 
measurements of dislocation density both in the grain interior and grain boundary 
region can be used to correlate the microstructural changes at different strains and 
temperatures. 

• Tensile testing of this material (316L austenitic stainless steel) over a wide range 
of grain size would be done in narrow intervals of temperature and correspondingly 
the microstructural measurements to detail study the deformation behaviour over a 
wide range of temperature and grain sizes. 
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Appendix A 


Annealing data of 316L austenitic 

stainless steel 


Table A. !; ( bain size and hardness data for different annealing treatments. 


j Butch 

Annealing 

d(jjm 

)* 

Hardness 

J 

T<‘mperature(° C) 

Timei'Min.) 




(YHN) 

' ■ 

750 

70 

2.7 

± 

.06 

353 


800 

25 

3.3 

± 

.11 

294 


800 

70 

3.7 

± 

.11 

282 


800 

90 

3.9 

± 

.10 

279 


800 

260 

4.3 

± 

.08 

275 


850 

25 

4.2 

dh 

.20 

253 


850 

70 

4.3 

± 

.20 

243 


j 850 

260 

4.5 

dh 

.30 

237 1 

— 


| S50 

490 

5.1 

db 

.28 

236 '! 


* by intercept method with 90 % confidence limit 
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Annealing data of 'll 6L austenitic stainless 


Table A1 (contin ued) 


Batch 

i 

Annexing ! 

(/f/i/N)' ! 

Hardness ’ 

1 


Temperature(° C 1 

Time(Min.) 


(VIIN) j 

1 

900 

70 

6.0 : 26 

205 ! ; 


900 

100 

8.5 ± .29 

202 


900 | 

120 

9.0 dt .37 

202 


900 ! 

130 

12.1 ± .69 

201 


900 j 

230 

18.3 J 67 | 

201 : 

J 


900 1 

250 

20.8 i 68 i 
| 

201 | 


900 ; 

1440 

21.6 1- 1 07 | 

.A 1 Ji 


925 

70 

13.1 1 78 

™ Ji 


925 

90 

18.0 ± .80 

■■ 


925 

130 

23.6 ± .94 

185 


925 

205 

24.6 ± .92 

182 


950 

25 

15.9 L .48 i 

j 

172 | 


950 

i 35 

26.5 i: .80 

169 


950 

70 

35.8 ±1.14 

165 


950 

130 

37.4 ± 1.12 

159 


950 

| 250 

41.0 ± 1.49 

159 


1000 

25 

44.8 ± 1.88 

170 


1000 

70 

48.8 ± 2.08 

161 


1000 

! 250 

62.0 ± 3.69 

153 


1000 

! 260 


IBM 


1050 

I 25 


159 


1050 

1 70 

72.7 ± 3.94 

155 


1050 

! 250 

82.2 ± 2.67 

152 


1050 

510 

94.8 ± 3.76 

151 


* by intercept method with 90% confidence limit 


























I able Al (continued) 


Annealing d{nmy 

•inp<’rat,urc'(° C) Time(Min.) 


63.9 ± 3.76 


Hardness 

(VHN) 


157 


1100 

70 

81.1 ± 3.62 

151 


250 

109.0 ± 4.17 

149 

560 

136.9 ± 6.27 

148 


94.9 ± 3.20 


107.4 dt 2.94 


116.0 ± 5.01 I 


141.3 ± 6.35 


3.9 ± 0.04 

4.0 ± 0.06 

4.3 ± 0.09 

5.3 ± 0.10 

5.8 ± 0.11 

5.9 ± 0.29 

9.0 ± 0.35 

15.0 ± 0.74 

29.0 ± 1.17 
33.5 ± 1-55 

45.9 i 1.86 


■■ 

II 


mtercep 


:ejt method with 90% confidence limit 

















Appendix B 


Probability of orientation in space 

In real poivn vsfals flu* triple edges are randomly oriented. Therefore, it is necessary to 
average any property over the domain of all orientations to obtain total properties [103, 
104). Let the orientation of a triple edge be defined by angles 9 and 4>, as shown in 
figure Bl. ( onsider some small range of orientations specified by 6 and (f) and varying by 
amounts rid and <h:> respectively. The spherical range of this orientation is shown in figure 
Bl. If the test orientations are uniformly distributed over the sphere, the fraction which 
lies within t he range 0 to 0 }■ dO and (j> to (f> + d<f> is equal to the fraction of sphere which 
is occupied by spherical image of the orientation range. 

From figure Bl, tin* enclosed area is l(dfl)(l)(sin0 d(j>), where 1 being the radius of the 
sphere. 'lire spherical image of whole range of orientation is47r. The, ratios, of these two 
quantities is equal to the probability that an orientation selected at random lies within 
the range 0 \ dO and (f> to </) -F d<t>, the combined frequency function for 9 and <f> may be 

expressed as follows: 


sinOdddd 

m *) = — sr- 


(B.l) 




Appendix C 


Optimization method to minimise a 
function 


A optimum value of unknown x 0 can be obtained by applying this method at whicl 
function value is minimum. In this case it is assumed that the function has continuou; 
second derivatives in the neighbourhood of the solution. This method [107,108] construct; 
a sequence {aA} satisfying: 

x k+l = x k + gV (C.l 

where cv fc is the step length and the vector p k is termed as the direction of search. Th 
step length a k is chosen so that F(x k+l ) < F(x k ) and computed using Quasi-Newto 
method [107]. This method approximate the Hassian matrix G(x), which is the secon 
derivative of the function F(x), by a matrix B k . This matrix B k is modified at oac 
it, oration to include information about the curvature of F(x) along the current searc 
direction 

From the starting point supplied by the user, a sequence of feasible points generate! 
which is intended to converge to a local minimum of the constrained function, on tl 
basis of estimates of the gradient and the curvature of F(x). An attempt is made in th 



Optimization method to minimise a function 


method to verify that the final point is a global minimum. 



Appendix D 


Optimization Programs 


D.l Program to generate the coefficients 

c G05DAF Example Program Text 
c Mark 14 Revised. NAG Copyright 1989. 
integer 1,1a 

parameter (I=M,la=l*l) 
double precision z(la),y(l),r(l) 

double precision x0,xl,x2,x3,x4 r x5-x6,x7,x8,x9,xl0,xll,xl2,xl3 
double precision ddl,pdl,cl,c2,aJ>,cm 
c .. Local Scalars .. 

INTEGER I 

c .. External Functions .. 

DOUBLE PRECISION G05DAF 



Optimization Programs 


EXTERNAL G05DAF 
c .. External Subroutines .. 

EXTERNAL G05CBF 
open('umt=26,file=’co-eff‘) 
c .. Executable Statements .. 

CALL G05CBF(0) 

c GETTING PLANE DIHEDRAL ANGLE DISTRIBUTION FROM A 
CLASS OF TRUE DIHEDRAL ANGLE 

mn=0 

width = 180.0/M 

cl=0.0 

c2= M 

do 10 j=l,l 

ysum=0 

do i=l.l 

y(i)=o 

end do 

if(j eq. 1) c2=180.0 
nm=0 

do TO 1=1,10000 

aa = G05DAF(0.0D0,1.0D0) 

a=(aeos(1.0-2*aa))*57.29578 

bb = G05DAF (0.0D0,1.0DO) 

b=bb x 360.0 



D.l Program to generate the coefficients 
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cm = G05DAF(cl,c2) 
x0=cos(a*0.0 174532) 
v.[ -= C’r0oDAF(0.0D0,l-0D0) 
f=el+0.5’ i 'x0 

if(<;l .gt. 0.5 .and. f .gt. 0.5) go to 70 
if(eL .It,. 0.5 .and. f .It. 0.5) go to 70 
nm=rim+l 
xl =x0**2 

x2—cos(cm*0. 0174532) 
x3-~1.0-xl 

x4~eos(b*0. 0174532) 

x5 “c.os((b-cm)*0. 0174532) 

x6-=1.0-x4**2 

x7--1.0-x5**2 

x8~xl*x2+x3*x4*x5 

x9=1.0-x3*x6 

xl()=1.0-x3*x7 

xl I=x9*xl0 

xl2=sqrt(xll) 

xl3=x8/xl2 

ddl=acos(xl3) 

pdl=57.29578*ddl 

c OBTAINING THE FREQUENCIES TABLE FROM THE pda DATA 
if(pdl.ge. 165 .and. pdl -le. 180.0) y(l)=y(l)+l 
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Optimization Programs 


if(pdl.lt.l5.0) y(l)=y(l)+l 
do 80 k=2,l-l 
nl=10*k-5 
n2=10~k+5 

if(pdl. ge.nl. and. pdl.lt. n2) y(k)=y(k)+l 
80 continue 
70 continue 

write (*,*) nm 
do lm=l,l 
ysum=ysum+y (lm) 
end do 
do k=l,l 
mn=mn+l 
z(mn)=y(k) /ysum 
end do 
cl=c2 
c2=cl+10.0 
10 continue 
do n=l,l 
do 11=1,1 
m=l*(ll-l)-fn 
r(ll)=z(m) 
end do 

Write(26,50) (r(ll), 11=1,1) 
end do 



D.2 Optimization Program to calculate the unknown parameters of linear simultaneous 
equations by minimising the error 
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50 format(lx,17f4.2) 

STOP 

END 

D.2 Optimization Program to calculate the unknown 
parameters of linear simultaneous equations by 
minimising the error 

c Mark 14 Revised. NAG Copyright 1989. 
e WR ITE (NOUT,*) ’E04JAF Example Program Results’ 
e .. Parameters .. 

INTEGER N, LIW, LW 

PARAMETER (N=17,LIW=N+2,LW=N*(N- 

l)/2 M2*N) 

INTEGER NOUT 
PARAMETER (NOUT=6) 

<■ .. Local Scalars .. 

DOUBLE PRECISION F 
INTEGER. IBOUND, IFAIL, J 
t* .. Local Arrays .. 

DOUBLE PRECISION BL(N), BU(N), W(LW), X(N) 

INTEGER IW(20) 
c .. External Subroutines .. 
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Optimization Programs 


EXTERNAL E04JAF 

open(unit=10,file=’td26.5’) 

lp=10 

X(l) = 0.0D0 
X(2) = O.ODO 
X(3) = O.ODO 
X(4) = O.ODO 
X(5) = O.ODO 
X(6) = O.ODO 
X(7) = O.ODO 
X(8) = 0.05DO 
X(9) = 0.02D0 
X(10) = 0.05D0 
X(ll) = O.08D0 
X(12) = 0.3D0 
X(13) = O.25D0 
X(14) = O.18D0 
X(15) = 0.03D0 
X(16) = O.OIDO 
X(17) = 0 ODO 
IBOUND = 2 
IFAIL = 1 

CALL E04JAF(N,IBOUND,BL,BU,X,F,IW,LIW,W,LW, IFAIL) 
IF (IFAIL.NE.O) THEN 

WRITE (lp, 99999) ’Error exit type’, IFAIL, . 



D.‘2 Optimization Program to calculate the unknown parameters of linear simultaneous 
equations hv minimising the error 


2 ' 


+ ’ - see routine document’ 

END IF 

IF (IFAIL.NE.l) THEN 

WRITE (lp, 99998) ’Function value on exit is ’, F 
WRITE (lp,*) ’at the point’ 
do j=l,N 
mm=10*j 

WRITE (lp, 99997) mm,X(j) 
end do 
end if 
stop 

99999 FORMAT (IX, A, 13, A) 

99998 FORMAT (1X,A,F18.4) 

99997 FORMAT (lX,i5,f5.3) 

END 

SUBROUTINE FUNCT1(N,XC,FC) 
c Routine to evaluate objective function, 
c This routine must be called FUNCT1. 
c .. Scalar Arguments .. 

DOUBLE PRECISION FC 
INTEGER N 
c .. Array Arguments .. 

DOUBLE PRECISION XC(N),a(N,N),b(N),d(N) 
DOUBLE PRECISION xy,xk,yy 

open(unit=100,file=’rfreq5’) 
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Optimization Programs 


open(unit=101,file= , pd26.5') 

lm=100 

ln=101 

c .. Executable Statements .. 
do i=l,N 

read(lm ,*) (a(i,j),j=l,N) 
read(ln,*) b(i),d(i} 
end do 

close(unit=lm) 

close(unit=ln) 

yy=0.0 

xk=0.0 

do i=l,N 

xy=0.0 

do j=l,N 

xy=xy+a(i,j)*xc(j) 
end do 
xk=xk+xc(i) 
yy=yy+(xy-d(i))**2 
end do 

xk=(xk-1.0)**2 

fc=yy+xk 

RETURN 

END 



Appendix E 


Values of strain hardening 
parameters 
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Values of strain hardening parameters 


Table E.l: Values of the parameters of Hollomon equation (2.13) and Lwlwigson equation 
(2.17) in different regions of strains at various temperatures and for grain sizes. 


Hollomon parameters 


Ludwigson parameters 


(°C) (H 


Region 1 

K\ Tl\ e 12 fc23 


Region 3 


77-3 A'2 


2.7 

985.8 

0.04 

0.015 

0.04 

3.9 

630.9 

0.02 

0.02 

0.06 

4.5 

550.3 

0.01 

0.013 

0.06 

6.0 

535.9 

0.05 

0.005 

0.09 

9.0 

393.1 

0.01 

0.01 

0.07 

18.3 

383.3 

0.03 

0.007 

0.08 

26.5 

365 1 

0.03 

0.007 

0.07 

64 0 

557.5 

0.15 

0.03 

0.06 





1524.20 

0.17 

5.61 

1527.30 

0.27 

5.68 

1614.20 

0.33 

5.70 

1461.20 

0.36 

5.50 

1401.30 

0.37 

5.37 

1350.40 

0.38 

5.26 

1291.70 

0.37 

5.20 

1166.00 

0.40 

4.90 


-53.96 

-38.72 


2.7 

874.2 

0.05 

0.017 

0.15 

3.9 

571.3 

0.03 

0.02 

0.04 

4.5 

433.5 

0.01 

0.017 

0.05 

6.0 

541.4 

0.12 

0.023 

0.05 

9.0 

284.8 

0.03 

0.005 

0.06 

18.3 

309.4 

0.04 

0.01 

0.07 

26.5 

295.6 

0.08 

0.006 

0.08 

64.0 

318.7 

0.09 

0.013 

0.07 










Table El (continued) 


(<') it"") 


Ilolloinon parameters 


Region 3 


Region 1 

K , 

n-i 

e 12 

715.7 

0.06 

0.03 

442.0 

0.03 

0.02 

362.6 

0.02 

0.013 

337.2 

0.05 

0.02 

410.8 

0.14 

0.02 

314.9 

0.13 

0.016 

255.1 

0.09 

0.015 

217.8 

0.08 

0.011 


230.40 

254.40 
204.90 

256.30 

268.40 
279.50 

253.30 


n 3 


0.09 

0.19 

0.26 

0.36 

0.41 

0.45 

0.41 

0.52 


0.03 

0.07 

0.03 

0.08 

0.14 

0.15 

0.17 


Ludwigson parameters 


n 2 cl 


4.09 -65.92 
4.93 -96.89 
4.95 -79.96 
4.97 -39.51 
4.62 -28.17 
4.42 -32.53 
4.26 -49.89 
4.79 -42.93 
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Values of strain hardening parameters 


Table E.2: Values of the parameters of Ludwik equation (2.14) in different regions of 
strains at various temperatures and for grain sizes. 


T 

(°C) 

d 

(dm) 

Region 1 


Region 2 


Region 3 



Ky 

Hi 

C 12 

^0 

^2 

V 2 


<U) 

hs 

”3 

25 

2.7 

865.9 

-5.4 

-.47 


782.4 

2280.9 

.95 

.07 

-750.1 

2382.7 

.10 


3.9 

520.5 

395.3 

.34 


541.1 

1819.9 

.83 

.04 

75.9 

1464.1 

.30 


4.5 

- 

- 


.013 

509.3 

2478.2 

.97 

.04 

286.1 

1427.5 

.47 


6.0 

124.3 

404.9 

.06 

.010 

378.8 

1592.4 

.80 

.13 

-1019.5 

2426.9 

.17 


9.0 

365.3 

2013.2 

1.01 

.013 

337.7 

1442.3 

.76 

.20 

-4077.4 

5514.6 

.06 


18.3 

193.3 

221.5 

.09 

.005 

312.6 

1394.4 

.74 

.20 

-9674.2 

11007 7 

.03 


26.5 

293.0 

11673.1 

1.27 



1328.2 

.69 

.13 

-771.5 

1996.8 

.18 


64.0 

166 5 

786.4 

.44 

.020 

246.3 

1221.2 

.76 

.20 

-2289.8 

3449.5 

.10 

200 

2.7 


-.2 

-.92 

.010 

650.8 

1922.1 

.93 

.06 

2274.7 

-877.6 

-.11 


3.9 

595.0 

-50.7 

-.14 

.020 

468.1 

1899.3 

.93 

.08 

3704.8 

-2527.3 

-.06 


45 

- 

- 

- 

.020 

332.9 

1174.2 

.66 

.11 

-1588.6 

2740.2 

.09 



283.4 

1666.9 

.90 

.060 

176 9 

935.5 

.48 

.20 

1380.4 

-122.7 

-.62 


9.0 

227.7 

1445.3 

.80 

.080 

133.2 

1013.2 

.49 

.26 

4100.7 

-66.6 

-.93 


18 3 

200 1 

222.1 

.27 

.005 

236.1 

1223.0 

.83 

.10 

154.2 

999.3 

.57 


26 5 


909 8 

.69 



1176.8 

.83 

.23 

3127.0 

-72.4 

-LOO 


64.0 

170 7 

852.8 

.69 



1177.4 

.85 

.23 

- 

- 

- 

400 

2.7 

508.2 

324.3 

.43 


525.6 

1427.6 

.84 

.04 

1226.7 

-188.7 

-.27 


3 9 

412.9 

10658.0 

1.49 

.022 

367.2 

1284.3 

.73 

.08 

-1077.4 

2117.9 

.09 


4.5 

301.4 

232.8 

.25 


346.6 

2114.6 

.91 

.05 

31.3 

1101.4 

.30 




446 1 

.42 

.022 

227.3 

1334.8 

.81 

.18 

168.6 

959.6 

.57 



221.4 

1659.3 


■ 

161.9 

1179.2 

.70 

.25 

2347.5 

-263.5 

-.56 


18.3 

157.7 

641 1 

.54 

1 


1062.4 

.69 

.20 

-1889.3 

3088.5 

.11 


26.5 

143.5 

831.7 

.63 

.008 

152.2 

1111.7 

.73 

.27 

3504.2 

-1361.2 

-.17 


64.0 

117.1 

687.3 

.67 

.005 

122.8 


.84 

.20 

-905.4 

2108.1 

.18 




















in different regions of 


Region 2 


Region 3 


K 2 

Tl2 

e e 23 


K 3 

n 3 

646.7 

.75 

.06 

1234.5 

-377.1 

-.ii 

763.1 

.51 

.10 

11897.4 

-1.4 

-1.76 

779.7 

.39 

.13 

334.5 

1022.2 

1.02 

887.3 

.76 

.20 

1285.2 

-81.8 

-.80 

838.7 

.63 

.30 


- 

- 

966.1 

.72 

.20 

- 

- 

- 

1401.3 

oq 

.15 

91.7 

818.1 

.55 

997.4 

.82 

.26 

- i 

- 

- 

62.1 

.98 

.20 


- 

- 

- 

- 

.15 

- 

- 

- 

90.7 

1.24 

20 

- 

- 

- 

128.8 

.50 

.12 

- 

** 

- 

98.2 

.62 

25 

- 

- 


299.9 

.13 

.20 

- 

- 

- 

-1.3 

-1.49 

.26 

- 

- 

- 











Table K.5: Values of the parameters of Voce equation (2.15) at various temperatures ant 
for grain sizes in the entire range of strains. 


d 

(i'» 0 

T 

V.H 

o\ 


T 

(°C) 

Os 

o 1 

n v 

2.7 

25 

1328.2 

777.3 

6.06 

200 

1012.6 

646.2 

8.38 

3.9 


1318.4 

551.5 

4.17 


947.7 

461.8 

5.65 

4.5 


1517.2 

497.0 

2.94 


942.9 

373.4 

4.92 

( 5.0 


1344.8 

391.3 

2.90 


811.5 

287.7 

4.66 

9.0 


1275.9 

359.0 

2.93 


834.5 

240.5 

4.39 

18.3 


1171.0 

328.5 

3.32 


971.2 

243.6 

2.71 

2 ( 5.5 


1110.1 

304.2 

3.46 


1025.8 

192.6 

2 35 

04.0 


1110.6 

265.8 

2.56 


1070.4 

189.6 

2.09 

2.7 

400 

795.3 

524.0 

11.08 

600 

663.2 

517.5 

14.01 

3.9 


880.6 

399.4 

5.64 


692.8 

369.3 

6.57 

i 

4.5 


899.3 

344.1 

5.34 


721.6 

307.1 

6.06 

0.0 


926.7 

243.3 

3.11 


812.0 

243.2 

2.91 

9.0 


1101.9 

213.2 

2.38 


773.2 

198.2 

3.28 

18.3 


993.3 

189.9 

2.67 


734.9 

157.9 

3.43 

20.5 


1000.2 

175.2 

2.50 


622.2 

146.2 

4.64 

04.0 


1173.5 

130.8 

1.71 


883.0 

134.8 

2.14 

2.7 

800 

217.3 

150.8 

71.98 





3.9 


214.5 

109.4 

62.91 





4.5 


194.6 

180.9 

14.71 





9.0 


223.9 

166.4 

24.61 





18.3 


230.2 

142.4 

9.95 





20.5 


228.2 

126.2 

14.79 






13.1 
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